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1.1 Application of multiferroics and magneto-
electric materials
Magnetoelectric multiferroics can sense the magnetic field and convert it to an
electric signal, making them very suitable as magnetic sensors for both AC and
DC magnetic signals. So far such devices have sensitivity of 10−12 T which
is lower than the sensitivity of a SQUID, however, they are much simpler and
cheaper to produce [1]. Magnetoelectric and multiferroic materials can also
serve as memory devices. Since in a multiferroic both ferroelectric and fero-
magnetic order parameters can be switched, a 4-state magnetoelectric memory
can be designed with states (+P,+M),(+P,-M),(-P,+M),(-P,-M), which implies
switching with both magnetic and ferroelectric fields without magnetoelectric
coupling [2]. An example of such a four state memory makes use of a multiferroic
tunnel junction, using the La0.1Bi0.9MnO3 material which has no magnetoelec-
tic coupling and can be both ferromagnetically and ferroelectrically written,
resulting in 4 states of resistance that can be read out by a non destructive
resistance measurement [3]. The presence of strong magnetoelectric coupling
will be detrimental in the case of a 4-state memory, however, the coupling be-
tween those two order parameters allows to use the device as an electrically
writable and magnetically readable memory, consuming less energy since a high
current to generate a magnetic field is no longer needed [4]. Since no strong
magnetoelectric coupling above room temperature has been reported in oxide
multiferroics with ferromagnetism and ferroelectricity, several indirect coupling
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mechanisms are proposed. One of the options makes use of exchange bias be-
tween a ferromagnet and a ferroelectric antiferromagnet with magnetoelectric
coupling. Switching the electrical polarization in the antiferromagnet will switch
the antiferromagnetic ordering, and due to the interface coupling, the ferromag-
net will switch [4].
In addition to memory devices and magnetic field sensors many other ap-
plications of multiferroics and magnetoelectrics are reported in literature, such
as in optical diodes, current sensors, gyrators, transducers, filters, resonators,
oscillators, phase shifters and spin wave generators [5–8].
1.2 Motivation
The number of multiferroic oxide materials is very limited and magnetoelec-
tric multiferroic materials are even more seldom (for an overview see figure
2.4). Most multiferroic materials with magnetoelectric coupling are antiferro-
magnetic, like TbMnO3 and BiFeO3, and therefore, have no net magnetization.
In materials with both ferroelectric and ferro- or ferrimagnetic order, such as
Bi2FeCrO6 and La0.1Bi0.9MnO3 the ferroelectricity and ferromagnetism have
different origin, and therefore, they lack the magnetoelectric coupling. The
combination of ferroelectricity, ferrimagnetism and magnetoelectric coupling are
seldom observed in one material, and the presence of all three makes CoCr2O4
an interesting material to study.
For devices applications, the integration of the material in thin films form
is necessary. However, no growth of high quality CoCr2O4 thin films has been
reported in literature. Therefore, the aim of this thesis is to grow good quality
CoCr2O4 thin films and investigate their multiferroic properties by magnetic,
dielectric and structural characterization.
1.3 Scope of this thesis
After this brief motivation and scope chapter 1, chapter 2 will deal with the
introduction to the topics and the material and chapter 3 will describe the
experimental techniques utilized in the thesis. Chapter 4 presents the growth
of CoCr2O4 films on several substrates. The substrates treatment is described,
and the growth is discussed in detail. The chapter will focus on the effect of
growth conditions on the films’ structure and magnetization based on analysis
by magnetometry, XRD, TEM and XPS.
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In chapter 5 we have looked in detail to the magnetic anisotropy in CoCr2O4
thin films in collaboration with our theory partners. The effect of the contribu-
tion of both Co2+ and Cr3+ to the single ion anisotropy of CoCr2O4 under strain
is determined. A comparison between CoCr2O4 and CoFe2O4 is made and the
differences in magnetic anisotropy are discussed. A relation between the cation
ordering and effect of the strain on the magnetocrystalline anisotropy of Co2+
is determined by second order perturbation theory for the magnetocrystalline
anisotropy.
Signatures of magnetoelectric coupling are investigated in chapter 6. Dielec-
tric impedance response of CoCr2O4 films grown on SrRuO3 buffered 001- and
111-SrTiO3 are studied in detail, by use of equivalent circuits. The temperature
dependent measurements are used to study the presence of phase transitions in
CoCr2O4 thin films under different strain states.
In chapter 7 the structure and magnetodielectric coupling in 111-CoCr2O4
thin films is investigated under different magnetic field orientations. The mag-
netization and dielectric permittivity are measured versus temperature, and the
observed phase transitions are analyzed.
At the end of the thesis an outlook for in-progress and future research is
given. We prove the presence of the magnetic spin spiral in CoCr2O4 films
by XRMS. We also discuss the appearance of anti-phase boundaries (APBs)
depending on growth conditions, by high resolution TEM studies on strained
CoCr2O4 samples. The unit-cell structure observed by TEM is not centrosym-
metric at room temperature, which would make CoCr2O4 under strain a polar
material at room temperature, something totally unexpected. Therefore, inves-
tigation of possible artifacts leading to this result is needed.
We have made an effort to allow the readability of the chapters independently
from each other and, therefore, some of the general information given in the
introduction sections of the different chapters is redundant.




Multiferroics are materials with two or more ferroic properties. Four ferroic
properties are typically considered: ferroelectricity, ferromagnetism, ferroelas-
ticity and ferrotoroidicity [9–11]. In all those systems the ferroic order can be
switched between two or more states, with hysteresis between them, making
them very suitable for device applications. Combining several ferroic orders
in one state gives possibilities for new types of devices like multi-state memo-
ries or memories with low power consumption [3, 4]. Nowadays the definition
of multiferroics is broadened to all ferroelectric materials with a long range
magnetic ordering, including the antiferromagnetic materials. Most interesting
multiferroics for device applications are multiferroics with both ferroelectric and
ferromagnetic ordering [10, 12–16], and only those multiferroic materials are dis-
cussed in this thesis. Ferroelectricity and ferromagnetism seldom coexist in the
same oxide material. In 2000 Hill discussed the conditions for standard ferro-
electricity and ferromagnetism in the d-block transition metal oxide perovskites,
and concluded that the conditions for ferroelectricity and ferromagnetism mu-
tually exclude each other, and somewhat exotic mechanisms need to be present
to give rise to a multiferroic [12].
Multiferroics can be divided in two groups depending on their properties [17].
The first group includes multiferroics in which the ferroelectricity and (anti-)
ferromagnetism appear independent from each others. They are typically strong
ferroelectrics, but because ferroelectricity and magnetism have different origins,
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there is no (or very weak) magnetoelectric coupling (see section 2.2 for ex-
planation of the magnetoelectric coupling). For multiferroic materials in this
group the ferroelectricity is due to lone pair (on Bi or Pb, as in BiFeO3 [18],
BiMnO3 [19] and PbVO3 [20]), charge ordering (for instance in Pr0.5Ca0.5MnO3
[21], Fe3O4 [22] and LuFe2O4 [23]) or geometric effects (for example in YMnO3
due to the tilting of the MnO5 block [24]).
In the second group of multiferroics, the ferroelectricity is the result of the
magnetic ordering, resulting in a strong magnetoelectric coupling. However, the
ferroelectricity is typically weak, and the materials are only multiferroic at low
temperature. CoCr2O4 belongs to this group of multiferroics, which is further
discussed below.
2.1.1 Magnetically induced multiferroics
There are three types of magnetic ordering that can induce ferroelectricity:
collinear magnetic ordering, p-d hybridization and spin-spiral magnetic order-
ing [25].
A well known case of collinear magnetic order that can result in ferroelec-
tricity by exchange striction is the up-up-down-down spin arrangement. The
different exchange interactions between two parallel spins or two anti-parallel
spins can result in a Peirls distortion, moving the anti-parallel spins apart, and
the parallel spins closer, breaking the inversion symmetry. If the charges of
the cations along the chain are different and alternate, the material will be-
come ferroelectric. Such up-up-down-down spin arrangement can be found in
Ca3Co2−xMnxO6 [26]. TbMn2O5, DyMn2O5 [27], GdFeO3 [28], FeTe2O5Br [29]
and CaBaCo4O7 [30, 31] are other multiferroic materials with exchange stric-
tion.
The spin dependent p-d hybridization mechanism results from the hybridiza-
tion of a magnetic ion to a ligand ion, creating an electrical dipole. The ap-
pearance of a net dipole moment will depend on both the lattice symmetry
and magnetic ordering. Several kinds of lattices can give rise to such dipole
structures, like the triangular lattices with proper screw magnetic ordering in
CuFeO2 [32], MnI2 and NiI2 [33, 34] or 120
◦ spin arrangement in CuCrO2
and AgCrO2 [35]. Other structures in this category are RbFe(MoO4)2 [36],
CuB2O4 [37], RFe3(BO3)4 [38, 39], Cu2OSeO3 [40, 41], Ba2CoGe2O7 and
Ba2MnGe2O7 [42–44].
In spin-spiral magnetic ordering the magnetic spins describe a spiral in space
with a constant periodicity. Such non collinear magnetic ordering is the result of
spin frustration, which means that the geometry of the lattice or the exchange
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interactions in combination with the geometry of the lattice make it impossible
to minimize exchange interactions at all bonds. Both cases are shown in figure
2.1.
Examples of frustration due to the lattice geometry can be found in triangu-
lar lattices and in the kagome´ structure, which has triangles in its lattice. The
kagome´ lattice is shown in figure (2.1a), in which not all spins in the triangle
can be aligned antiferromagnetically. If atoms 1 and 2 are aligned antiferro-
magnetically, the interaction between atoms 1 and 3 is lowest when the spin 3
is down while exchange interaction 2-3 favours spin 3 to be up. Not all spin
interactions can get minimum energy, and the spin lattice is frustrated, forcing
the spin structure to a ground state with non collinear order.
Such kagome´ lattices are found in the pyrochlore lattice, a heavily frustrated
lattice (see figure 2.1c). In the pyrochlore lattice the cations are ordered as
interconnected tetrahedra. A well known group of crystal structures with a
pyrochlore lattice are the spinels, where the cations in the octahedral holes of
the oxygen lattice (B-site), form a pyrochlore lattice. In figure 2.1c the cations
in CoCr2O4 spinel are drawn with the chromium ions in light and dark blue.
In CoCr2O4 the antiferromagnetic exchange in the tetrahedon of the pyrochlore
lattice forces the spin system to a degenerate ground state with a non collinear
spin structure. To find the ferrimagnetic spin-spiral ground state of CoCr2O4,
also the antiferromagnetic exchange interaction JAB (the coupling between the
octahedral and tetrahedral sites) needs to be taken into account.
Spin-spirals as a result of competing exchange interactions can be found for
instance in TbMnO3, a material that has a ferromagnetic nearest neighbor in-
teraction (J1), while the next nearest neighbor interaction (J2) is antiferromag-
netic [19]. In the illustration in figure 2.1b it can be seen that the ferromagnetic
interaction J1 in the vertical direction favours the spin at the position 3 to be
up, while the next nearest neighbour interaction J2 (antiferromagnetic) along
the diagonal forces the spin to be oriented down, and therefore it is impossible
to order the structure in such a way that all interactions have the lowest energy.
It is also possible that competition between superexchange and Dzyaloshinskii-
Moriya (DM) interaction gives rise to spin-spirals. The DM interaction describes
the relativistic correction to the superexchange between two magnetic transi-
tion ions mediated by an oxygen anion (see figure 2.2a). The interaction results
from intermixing of orbitals on the transition metal oxides by the spin-orbit
interaction [16]:
HDM = ~Dij × (~Si × ~Sj) (2.1)
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Figure 2.1: Spin frustration can be the result of antiferromagnetic interactions
on a kagome¨ lattice (a), or due to competing exchange interactions (b). The
spinel structure has a frustrated pyrochlore lattice (c).
The cross product between the spins means that this interaction is maximal
for perpendicular alignment of spins, and therefore competes with the collinear
superexchange interaction. The Dzyaloshinskii vector ~Dij is proportional to
~eij×~x, with ~eij the vector that connects the two cations, and ~x the displacement
of oxygen anion (blue arrow in figure 2.2a), and,therefore, formula 2.1 describes
the coupling between the off-centering of the oxygen anion and the canting of
spins (green arrows in figure 2.2a) [45, 46].
If the bond is non-centrosymmetric, i.e. the oxygen is moved from the line
connecting the two transition metal ions (see figure 2.2a), the DM interaction
forces a canting of the spins of the transition metal ions. Materials with alter-
nating oxygen displacements, have ~Dij vectors that change sign at every bond.
The spins rotation alternates clockwise and counterclockwise resulting in weak
ferromagnetism (figure 2.2b). If all oxygen anions are shifted in the same di-
rection, every spin is forced to cant a bit further, and a spiral appears (figure
2.2c).
2.1.2 Ferroelectric spin-spirals
Several materials with spin-spirals are ferroelectric. Ferroelectricity originates
here from the inverse of the DM effect described above: if as in TbMnO3 and
CoCr2O4, spin frustration results in a spin-spiral, then the inverse DM effect can
induce due to the canted spins, a displacement of the oxygen ions, and create
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Figure 2.2: (a) Coupling between the oxygen displacement and spin canting by
the DM interaction, (b) Off centering of the oxygen anions alternating up/-down
results in weak ferromagnetism by the DM interaction, (c) the DM interaction
creates a spin-spiral if the off centering of all the oxygen anions is in the same
direction.
an electrical polarization [16, 47]. This model is also called the spin current
model [48].
The DM interaction induces a ferroelectric polarisation P which is propor-
tional to the cross product of the propagation vector ~eij and the spin-spiral
plane (~Si × ~Sj).
~P ∝ γ ~eij × (~Si × ~Sj) (2.2)
There are several known spin-spiral structures, and an overview is given in
figure 2.3. However, not all spin-spirals structures can induce ferroelectricity
by the Dzyaloshinskii-Moriya interaction. To induce ferroelectricity, the spiral
propagation vector ~eij must have a component in the plane of the spin-spiral,
that is in the plane of ~Si and ~Sj [47, 49]. This means that the DM interaction can
only induce ferroelectricity in the cycloidal spin structure and in the transversal
conical spin structure. Materials with other spin-spirals can be ferroelectric,
but by other mechanisms, see refs. [25, 50].
Ferroelectricity due the DM interaction in spin-spirals can be observed in
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Figure 2.3: Overview of the spin-spiral structures. Only two types (cycloidal
and longitudinal-conical) induce ferroelectricity by the Dzyaloshinskii-Moriya
interaction. Picture after [15].
a broad range of crystal symmetries. Cycloidal spin ordering results in fer-
roelectricity in RMnO3 [19], Ni3V2O8 [51], MnWO4 [52, 53], LiCu2O2 [54,
55], LiCuVO4 [56, 57], CuCl2, CuBr2, [58, 59], CuO [60], Cr2BeO4 [61] and
FeVO4 [62–64]. Ferroelectricity is also observed in the transverse conical spin-
spiral CoCr2O4, the subject of this thesis. Magnetic field induced conical
spin-spirals give ferroelectricity in the hexaferrites Ba0.5Sr1.5Zn2Fe12O22 [65],
Ba2Mg2Fe22O22 [66] and Sr3Co2Fe24O41 [67–69].
2.2 Magnetoelectric coupling
For device applications it would be interesting to have coupling between the
ferroelectric and the magnetic order parameter. The coupling between P and
M is part of the broader defined magnetoelectric coupling, the influence of an
electric field on the magnetization or influence of a magnetic field on the electric
polarization of a material. Therefore magnetoelectric materials do not neces-
sarily have to be ferroelectric and ferromagnetic, as explained in figure 2.4. The
multiferroic materials are in the area corresponding to the overlapping between
the ferromagnetic and the ferroelectric circle. Magnetoelectric materials need
to be magnetically and electrically polarizable, but do not need to have ferroic
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Figure 2.4: Classification of the insulating oxide materials (purple circle) by
their polarizability and ferroic order. Electrically polarizable (green ellipse) and
magnetically polarizable materials (orange ellipse) are both subgroups of the
insulating oxides. The materials with a spontaneous net electrical polarization
(green circle) and spontaneous magnetization (red circle) lie inside the electri-
cally and magnetically polarizable ellipses, respectively. The overlap between
the two circles represent the multiferroic materials with both net magnetization
and ferroelectricity at zero applied fields. The small blue solid circle represents
the magnetoelectric materials, and it partially overlaps with the ferroelectric
materials. Figure from [70], after [10].
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properties. Only in the area where the multiferroic materials overlap with the
magnetoelectric materials we can find multiferroic materials with magnetoelec-
tric coupling [10]. This is because magnetization and ferroelectric polarization
typically have different origins, and therefore it is difficult to get cross cou-
pling between them. This is unfortunate, because these materials have often
strong ferromagnetic and ferroelectric moments and therefore would be very in-
teresting for memory devices that can be electrically written and magnetically
read. Only in the case of the spin-induced ferroelectrics, the ferroelectricity is
the result of the magnetic order in the system and those materials have strong
magnetoelectric coupling.
Magnetoelectric coupling was first shown in Cr2O3 [71] in 1961, short af-
ter the prediction of Dzyaloshinskii [45]. A few years later the magnetoelectric
switching in Ni3B7O13I was discovered [72]. Four decades later, large magneto-
electric effects have been observed in the rare earth manganites with spin-spiral
structures [19], where a magnetic field can induce a 90◦ rotation of the spin-spiral
plane, in turn rotating the ferroelectric polarization by 90◦. Another interesting
example is the 180◦ rotation of the electric polarization in Ba0.5Sr1.5Zn2Fe12O22
by a magnetic field [65]. In other ferroelectric spin-spiral materials there is also
a strong observed change in the polarization by a magnetic field [51, 52], but
all those spin-spirals have no net magnetization. The only spin-spiral materials
with net magnetization in zero magnetic field are those with conical spin-spiral
ordering. In the oxide materials, such structures are found in the hexaferrites
and the chromite spinels. CoCr2O4, the subject of this thesis, belongs to the
last group. For CoCr2O4 it is shown that the desired magnetoelectric coupling
between the ferroelectric and ferromagnetic order is present (see figure 2.4), and
the electric polarization can be switched 180◦ by an magnetic field [73].
Changes in the ferroelectric polarization with a magnetic field are also ob-
served in multiferroics that have other origin for magnetoelectric coupling than
the spin-spiral ordering [24, 27, 32]. The reverse effect, the change of the
magnetic structure under an electrical field in a multiferroic is less often ob-
served. Examples are found in materials with different spin structures, includ-
ing spin-spirals, mainly among the manganites: HoMnO3, TbMnO3, ErMn2O5,
Eu0.75Y0,25MnO3 and GdFeO3 [28, 74–77].
2.3 The CoCr2O4 spinel
As mentioned in the last paragraphs, CoCr2O4 is one of the few oxide magneto-
electric multiferroics with a transversal conical magnetic structure and therefore
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CoCr2O4 has a net polarization and a net magnetization with magnetoelectric
coupling. This combination of properties is seldom found in oxide materials.
2.3.1 Spinel structure
The structure of several spinels were resolved by Bragg and Nishikawa [78, 79]
in 1915, only three years after Laue’s discovery of x-ray diffraction. The spinel
structure is named after the material spinel, MgAl2O4, which has space group
Fd~3m and general formula AB2X4, in which A and B are cations, and X an
anion. The anions have a charge of 2-, typically oxygen or chalcogens and the
cation can have different combination of charges, like for instance A4+B2+2 X4 or
A2+B3+2 X4.
The spinel structure is rather complex, best described by its cubic unit cell,
with 8 formula units or 56 atoms. In this unit cell, the 32 O2+ ions form a
face-centered cubic lattice, with 32 octahedral and 64 tetrahedral sites. In the
normal spinel structure the 8 A cations occupy the tetrahedral sites forming
a diamond lattice and the 16 B cations occupy the octahedral sites forming
a pyrochlore lattice. The large cubic unit cell can be split in 8 smaller cubes
as shown in figure 2.5a, of two different kinds of subcells (shown in red and
green), alternating in space. In both subcells half of the octahedral positions
are filled with B cations, in such a way that occupied and empty octahedral
sites alternate along the cube edges. In the red subcells the octahedral site in
the middle of the cube is filled, while it is empty in the green cube, i.e. the
red subcell contains 2.5 B cations, while the green subcell only contains 1.5
B cations. Neighboring octahedral and tetrahedral sites (i.e. octahedra and
tetrahedra that are sharing faces) cannot be occupied simultaneously because
of cation-cation repulsions. Since all 8 tetrahedra (shown by the green lines
in figure 2.5d) in the red subcells share one surface with the octahedra in the
middle (solid red octahedron in figure 2.5d), no space is left for the A cations.
However, in the green subcell, there are 2 tetrahedra (solid green figure 2.5e)
that share faces with unoccupied octahedra (occupied octahedra are shown with
red lines, unoccupied are not shown and empty sites are indicated by the blue
positions in figure 2.5e), and both will be occupied by the A cations. Since there
are 4 green subcells in the cubic unit cell, this results in a total of 8 occupied
tetrahedral sites.
In 1931 Barth and Prosnejak discovered that crystalographically equivalent
sites can be occupied by chemically different atoms [80]. The terms ’normal’
and ’inverse spinel’ were introduced in 1947 by Verwey [81]. In a normal spinel
the A2+ and B3+ occupy, as described above, the tetrahedral and octahedral
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Figure 2.5: The unit cell of a spinel can be divided in to 8 subcells, of two
different kinds that alternate in space along the cubic unit cell edges (a), the
red (b) subcell has empty tetrahedral holes (green lines in d). The green subcell
from (a) is shown in (c), it has two tetrahedral sites occupied, shown by the
green solid tetrahedra in (e). The filled octahedra are shown with the red lines.
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Figure 2.6: The planes perpendicular to the 〈111〉 directions in a spinel structure
consist of a single type of ions.
holes of the oxygen lattice, respectively. In the inverse spinel the A-site cations
are inversed with half of the B-sites, resulting in a structure with half of the B3+
in the tetrahedral holes and the other half of the B3+ occupy the octahedral
sites together with the A2+ cations. Verwey concluded that the chromites have
normal spinel structure, while most of the ferrite spinels have at least a partially
inverse structure. Navrotski et al. [82] showed theoretically that indeed Cr3+
has a very large preference for octahedral site occupation, and Co2+ a small
preference for tetrahedral occupation, making the normal spinel structure much
lower in energy. While in the ferrites Fe3+ has a small preference for tetrahedral
occupation resulting in partially inverse spinels.
Spinels in nature have typically octahedral shapes showing {111} surfaces.
In the 〈111〉 directions (figure 2.6) the spinel structure has single ions charged
planes that are typically considered to be the lowest in energy. It is suggested
that relaxation and reconstruction of the (111) surface lowers the surface energy
drastically [83–85] and cation inversion can also stabilize the (111) surface [86–
88].
2.3.2 Magnetic structure of CoCr2O4
It is generally understood that CoCr2O4 has a paramagnetic- ferrimagnetic
transition at 93 K (Tc, figure 2.7a, green line), and lowering the temperatures
results in the formation of a conical spin-spiral phase below 26 K (Ts) accom-
panied by the emergence of a ferroelectric polarization (figure 2.7b, blue data
points) as a result of the Dzyaloshinskii-Moriya interaction, making the ma-
terial multiferroic [89–94]. Since the ferroelectricity in the CoCr2O4 spinel is
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Figure 2.7: Physical properties of CoCr2O4 single crystal: magnetization (green
circles), electrical polarization (blue circles), dielectric constant (red line) and
specific heat (black triangles). Picture from [73]
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magnetically induced, we will give an overview of the history of analysis of its
magnetic structure.
In 1948 Ne´el published his theory of collinear ferrimagnetic spin ordering in
spinels [95]. In his publication Ne´el states that ferrite spinels with antiferro-
magnetic exchange interaction JAB stronger than the JAA and JBB exchange
interactions display ferrimagnetic spin ordering, while paramagnetism is ex-
pected down to 0 K when JAA or JBB interactions (where A and B stand
for the tetrahedral and octahedral positions respectively) are dominant. Al-
though Ne´el’s theory holds for magnetic spinels with strong antiferromagnetic
JAB interactions, it was not able to explain the relatively low magnetization of
CuCr2O4 and CoCr2O4 published in 1952 by McGuire [96] (and later the low
magnetization of NiCr2O4 published in 1961 by Prince [97]). In the same month
as McGuire published the magnetization data, Yafet and Kittel suggested that
with JAA or JBB interactions stronger than JAB also a magnetic ordered state,
instead of the paramagnetism suggested by Ne´el, can be expected [98]. The
ground state is expected to be dependent of the ratio of the relative strength of




with JBB and JAB being the exchange interactions, and |SB | and |SA| being the
magnitude of the magnetic moments at the A and B sublattices, respectively.
Yafet and Kittel show that when u < 1, the Ne´el state is the ground state, while
for u > 1 a spin lattice with non-collinear state is found to be lower in energy. In
this model the spin lattice is restricted to a commensurate structure, resulting
in the so called Yafet-Kittel state with planar spin arrangement (see figure 2.8):
all the A lattice spins align parallel, while the spins on the B sublattice make
an angle to the A spins in such a way that the B spins cancel each other in
the direction perpendicular to the A sublattice spins [98]. Anderson proved
that the Yafet-Kittel geometry cannot result in a long range stable ground
state in cubic spinels [99], and Kaplan showed certain small deviations of the
spins from the Yafet-Kittel geometry which result in a lowering of the energy
of the system, and therefore the Yafet-Kittel geometry cannot be the ground
state [100] (Although the Yafet-Kittel triangular spin lattices are not the ground
state in cubic spinels, they are expected to be the ground state in tetragonal
spinels [101]). After that, Wickham explained the lower magnetization in those
spinels by a collinear spin order, in which 1/4 of the spins in the B-site order
antiparallel to the rest of the B-site spins [102]. It was Kaplan who came up
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Figure 2.8: The Yafet-Kittel spin geometry, with the B lattice in green, the A
lattice in red and the magnetic moments as blue arrows.
with the idea of an incommensurate lattice and he showed that when allowing
for magnetic order incommensurate with the lattice, the Ne´el state is only stable
for u<8/9, and that for cubic spinels with larger u parameter both the A and
B lattice have canted spins [103].
In the beginning of the 60’s, Lyons, Kaplan, Dwight and Menyuk showed that
in cubic normal spinels with magnetic ions on A and B positions and taking only
the exchange interactions JBB and JAB into account (ignoring the interactions
between ions in the tetrahedral sites), a ferrimagnetic spin-spiral is lower in
energy than the Yafat-Kittel and Ne´el state for u > 8/9 [104]. The years after,
Lyons, Kaplan, Dwight and Menyuk tried to prove that this spiral state is indeed
the ground state. Their theoretical analysis of the problem is often referred to as
the LKDM theory. They showed that the ferrimagnetic spiral is stable against
small deviations, making it at least metastable (locally stable). They also proved
it has the lowest energy of a large class of structures [105], however, they were
not able to prove that the ferrimagnetic spin structure is the ground state.
From their theory Lyons et al. concluded that next to the Ne´el state for u >
8/9 and, most probably, a ferrimagnetic spiral for 8/9< u < 1.3, the spin-spiral
is not the ground state for u > 1.3, and a more complicated distorted spin-spiral
structure with a more complicated neutron diffraction pattern is expected [105].
A detailed review on the derivation of the LKDM theory is written by Kaplan
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[106]. CoCr2O4 and MnCr2O4 have ’u’ parameter of 1.67-2 [90, 94] and 1.6 [107]
respectively, that is in the range where the ferrimagnetic spin-spiral, according
to the theory, cannot be the ground state.
According to the LKDM theory CoCr2O4 (u > 1.3) is expected to become
first a Ne´el antiferromagnet at Tc, then at 0.9 Tc a transition to a ferrimagnetic
spiral is expected, and at lower temperature a transition to the more compli-
cated spiral structure [105]. Neutron diffraction experiments on MnCr2O4 and
CoCr2O4 were published shortly after the theory, and showed diffraction pat-
terns and peak intensities compatible with a ferrimagnetic spin-spiral model,
with spin-spirals on all three cation sublattices with ~q = (0.63, 0.63, 0), the ro-
tating spin part in the (001) plane, and the ferrimagnetic component in the
[001] direction [89, 90, 108]. This is a spiral in the same direction as, and with
periodicity close to, ~q = (0.59, 0.59, 0) predicted by the LKDM theory. Menyuk,
Dwight and Wold compared the temperature dependence of the magnetization
of polycrystalline CoCr2O4 obtained by vibrating coil magnetometery with the
temperature dependence of a spin-spiral structure as predicted by the LKDM
model and conclude that, below 27 K, the data differed substantially from the
model. Menyuk et al. proposed that the observed discontinuity at 27 K might
be the transition to the more complex spin-spiral structure as predicted by
LKDM theory as the ground state [89, 90]. Neither below nor above the tran-
sition did the diffraction patterns reveal features different from those predicted
for the simple ferrimagnetic spin-spiral, expected for a sudden broadening of
the magnetic diffraction peaks at 31 K. The broad peaks were still observed at
77 K, in agreement with LKDM theory, which suggests that the Ne´el ferrimag-
netic to ferrimagnetic spiral transition is at 86 K. A year later Kaplan, Stanley,
Dwight and Menyuk suggested that the lack of coherent peaks above 31 K is
a result of the overestimation of the stability of the ferrimagnetic spiral by the
mean field approach [109]. In 1969, Dwight and Menyuk published results on
an extended theory that takes into account A-A, A-B and B-B interactions till
the fifth nearest neighbors [94]. This theory predicts a ~q vector of (0.63,0.63,0),
identical to the periodicity observed by Menyuk et al. with neutron diffrac-
tion [89, 90]. Their model predicts temperature dependence for the spiral very
similar to the experimental data up to Tc, with a kink at 34 K, close to the
experimentally observed transition at 27 K and the peak broadening at 31 K.
The transition is the result of the disappearing of the γ3 cone angle (see fig-
ure 2.9) of the B sublattice [94]. While Menyuk suggested a transition from
a long range to a short range spiral around 31 K in polycrystalline CoCr2O4,
neutron diffraction on a single crystal grown by flux method showed short range
ferrimagnetic spin-spiral ordering with a correlation length of 3.1-3.8 nm down
20 Introduction
Figure 2.9: Magnetic order of CoCr2O4 in the multiferroic phase. Picture
from [73], the cone angles of the magnetic structure are from [93].
to 8 K [93, 110]. More recent neutron diffraction and x-ray magnetic resonant
scattering experiments on CoCr2O4 single crystals grown by vapour-transport
showed sharp magnetic reflections below 26 K, suggesting that their samples
have long range order [111, 112]. It seems that especially on the correlation
length of the spiral state, all studies presented in literature do not agree fully
with each other. It is very much possible that this is due to the difficulties to
obtain good quality single crystals. It should also be noted that sometimes, at
temperatures lower than 15 K, a commensurate phase is observed (see section
2.3.4), where extra magnetic peaks appear in the diffraction pattern [111, 113].
The spin structure of this low temperature phase is still not solved.
2.3.3 Ferroelectricity and magnetoelectric coupling in
CoCr2O4
The discovery of ferroelectricity in the magnetic spin-spiral material TbMnO3
initiated the search for more magnetic spin-spiral induced ferroelectrics [19].
Ferroelectricity and magnetoelectric coupling in single crystals of CoCr2O4 were
discovered in 2006 by Yamasaki et al. [73]. After magnetoelectric cooling (that
is, cooling under both electric and magnetic field, to bring the sample in a single
domain state) the ferroelectric polarization could be switched with a magnetic
field (figure 2.10). The switching had hysteresis and could be repeatedly re-
versed. The magnetoelectric coupling is expected to be induced by domain wall
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clamping of ferroelectric and ferromagnetic domains. It was shown by Nan-
dung et al. that the magnetoelectric coupling is biquadratic in polycrystalline
CoCr2O4 [114]. Although above 26 K (the ferroelectric transition tempera-
ture) a short range spin-spiral is observed [89], most studies did not report
ferroelectricity above Ts, except for the paper by Singh et al., which claims
that CoCr2O4 is ferroelectric up to temperatures above the ferrimagnetic phase
transition [115], results that have not been reproduced by other authors.
2.3.4 The commensurate phase in CoCr2O4
As described above, the collinear ferrimagnetic phase (26 K <T < 93 K) and
the conical spin-spiral phase with ~q = (0.63, 0.63, 0) (T < 26 K) in CoCr2O4
were reported in the beginning of the 1960’s. At lower temperatures, below 13
K, a third phase with commensurate spin structure is often reported, where the
spin-spiral locks into the crystal lattice with ~q = (2/3, 2/3, 0). However, not all
studies show this phase transition. In 1968, Plumier was the first one to report
a spin-spiral structure with a commensurate wavelength of ~q = (2/3, 2/3, 0) by
neutron diffraction on polycrystalline sample at 4.2 K [116], he observed short
range order at this temperature. Two years later, Funahashi observed a phase
transition at 10.5 K by magnetic resonance measurements [92]. He observed
three different resonance frequencies below 10.5 K, while only one was present
above. This transition showed thermal hysteresis. In 1987, Funahashi published
a neutron study on single crystal CoCr2O4 and described this transition to an
incommensurate phase above 12.7 K, with ~q = (0.63, 0.63, 0). Below 12.5 K,
a second peak appears in neutron diffraction with ~q = (0.67, 0.67, 0), signal-
ing the incommensurate-commensurate (I-C) transition, while the phase with
~q = (0.63, 0.63, 0) did not disappear completely. He also reported that the I-C
transition has a hysteresis effect [91]. In the work of Yamasaki et al. a tiny
anomaly was observed in the temperature dependence of both the magnetiza-
tion and the polarization around 15 K [73]. Since this temperature is relatively
close to the lock-in transition reported by Funahashi, it was assumed that the
anomalies were due to the I-C transition.
The most recent studies focusing on the lock-in transition gave similar tran-
sition temperatures: a neutron study by Chang et al. and a resonant magnetic
x-ray scattering by Choi et al. [111, 113]. 2D diffraction maps were measured
at several temperatures in both studies. An I-C transition was reported around
14.5 K and 14 K, respectively, with three peaks in the commensurate phase.
The most intense peak had a commensurate spiral vector of (0.67,0,67,0) and
the others were (0.67,0,63,0) and (0.63,0,67,0). In the resonant magnetic x-ray
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Figure 2.10: Magnetoelectric coupling in CoCr2O4. The electrical polarization
can be switched with a magnetic field showing hysteresis. Picture from [73].
scattering study, two peaks, almost identical, were observed in the incommen-
surate phase. Choi observed a reversal of direction of electrical polarization at
the I-C phase transition during pyrocurrent experiments. It was stated that
the reversal of P goes without change of the ~q vector due to the fact that the
material is ferrielectric and only the magnitude of the electrical polarization of
ferrielectric sublattices changes, resulting in a change of sign of the ferroelectric
polarization. A remarkable outcome of Chang’s neutron study is that the spiral
component is shown to be long range order, while previous works had pointed
to the short-range character [93, 110]. In polycrystalline samples the lock in
transition was also observed in magnetization data at 15 K [114].
However the incommensurate-commensurate phase transition was not ob-
served in all studies. Dwight and Menyuk concluded, by looking at neutron
diffraction peak shapes, that an incommensurate phase down to 4.2 K was
present in their CoCr2O4 polycrystalline sample [94] synthesized from the pre-
cursor CoCr207 · 4C5H5N (and (NH4)2Cr207 to compensate for Cr deficien-
cies) [117]. The advantage of this precursor technique is that the elements
are mixed at atomic scale, resulting to better reactivity and homogeneity, while
the ceramic sintering method of Plumier [116] might result in Cr2O3 impurities
due to its extreme high melting point. Also in the early papers no trace of a
commensurate phase was observed: Menyuk et al. reported a ~q of 0.62 at 4.2 K.
In the neutron work of Tomiyasu an incommensurate phase with ~q = 0.62 was
observed down to 8 K in a single crystal sample grown by flux method [93, 110].
In addition, in one study, another phase transition around 5 K was observed,
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Figure 2.11: Electron configuration of CoCr2O4 (a) and CoFe2O4 (b).
below which the spiral cannot be switched [118]. All these published results show
that the low temperatures phase transitions in CoCr2O4 are still under debate
and deserve more investigation.
2.4 Other spinels
The spinels are a large group of materials with a broad range of properties, like
ferromagnetism, antiferromagnetism, ferroelectricity, spin-driven lattice distor-
tions, and superconductivity. Two well studied classes of spinels are the ferrites
AFe2O4 and the chromites ACr2O4. While the ferrites are ferrimagnets with
(partially) inverse spinel structure, the chromites are normal spinels with typi-
cally frustrated spin lattices down to low temperature. The ferrites have been
the object of a large number of studies because of their magnetic transition
temperatures far above room temperature, which makes them interesting for
spintronic applications. Due to their degenerate spin system, the chromites
display several properties, like multiferroism, zero energy excitations and sur-
prising spin orders (such as the six spin loops in ZnCr2O4 [119]), making them
interesting from a fundamental point of view.
The preference for the inverse versus normal spinel structure can be predicted
by crystal field theory. The crystal field splits the energy levels of the 5 d-
orbitals of transition metals in two energy levels. In octahedral arrangement the
three-fold degenerate t2g orbitals are stabilized while the two-fold degenerate eg
orbitals are destabilized, for tetrahedral coordination the e-orbitals are stabilized
and t2-orbitals are destabilized. It is possible to predict the stability of ions in
the different sites by taking into account that octahedral coordination results in
a larger crystal field splitting than in tetrahedral coordination. Elements with
three (or eight) electrons have typically a low energy in the octahedral sites
since the three electrons go in the three-fold degenerate, largely stabilized, t2g
orbitals, and therefore, such elements have a high preference for the octahedral
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sites. Elements with five electrons in the high spin state do not profit from
stabilization by the crystal field splitting, resulting in no large site preference.
Ferrite ([Ar]3d5) and chromite ([Ar]3d3) spinels (see figure 2.11b) have therefore
a preference for (partially) inverse and normal spinel, respectively [120].
The difference in the magnetic ordering in the ferrites (Ne´el ferrimagnets)
and the chromites (conical spin-spiral) is the result of the difference in the
strength of the exchange interactions, as explained in section 2.3. Wickham
and Goodenough predicted the strength of the exchange interactions, based on
electrostatics, considering that the orbitals directed towards the anions are less
stable than the ones along other directions. They concluded that strong A-B
exchange interactions can be expected when both the A-site t2 and B-site eg
orbitals are half filled, while A-B exchange interactions are relatively weak when
the t2 on the A-site and/or eg on the B-site are empty. In CoCr2O4, the seven
electrons of Co2+ (e4t32, see figure 2.11) on the A-site, fill the e orbitals and half
t2 orbitals and the three electrons of Cr
3+ (t32g) on the B-site fill half of the t2g
levels, keeping eg orbitals empty. Therefore, CoCr2O4 has weak AB exchange
interactions. For CoFe2O4 with Co
2+ ( t52ge
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g) both the eg and t2 orbitals are half filled, and therefore, strong AB
exchange interactions can be expected. It follows from formula 2.3 on page 17
that u is expected to be small for CoFe2O4, while CoCr2O4 gives rise to larger
u values, resulting in Ne´el ferrimagnetism and frustrated spin-spiral structures,
respectively.
Jahn-Teller active ions in the A-site of NiCr2O4, FeCr2O4 [121] and CuCr2O4
[122] result in lifting of the degeneracy by the tetragonal distortion. CuCr2O4
has a tetragonal distortion of -9 % at room temperature and forms a Yafet-Kittel
spin structure [122]. NiCr2O4 has tetragonal distortion of 4 % with canted
antiferromagnetic spin ordering [97]. With a tetragonal distortion of -3 %,
FeCr2O4 has a conical spin-spiral [121, 123]. The cubic chromite spinels with
non Jahn-Teller active magnetic A ions, CoCr2O4, MnCr2O4 and chalgogene
MnCr2S4 have magnetic conical spin-spirals.
Since the antiferromagnetic interactions between Cr3+ ions on the pyrochlore
lattice are highly frustrated [119, 124, 125], it is expected that chromium spinels
with nonmagnetic A-site ions (Mg2+, Zn2+, Hg2+, Cd2+) have spin disorder
down to 0 K due to the large possibilities of ground states [126]. However,
spin-lattice coupling and magnetic interactions between Cr3+ ions further apart
result in tiny structural distortions and antiferromagnetic ordering at low tem-
peratures. This distortion is called the spin Jahn-Teller effect, and is typically
one order of magnitude weaker than the normal Jahn-Teller effect [120]. This
results in tetragonal and orthorhombic symmetry in CdCr2O4 [127–129] and
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HgCr2O4 [130, 131] respectively, and tetragonal or coexistence of tetragonal
and orthorhombic symmetries in MgCr2O4 and ZnCr2O4 [127, 132–134].
2.5 Magnetic Anisotropy
Magnetic anisotropy means that a material has a preferred direction, called
easy axis, in which the ferromagnetic moment is directed. There are several
sources of anisotropy. In thin films the magnetocrystalline, shape and strain
anisotropies are particularly important. Magnetocrystalline anisotropy is the
result of spin-orbit coupling between the orbit of the electrons and the crystal
electric field. Due to this interaction it takes more energy to magnetize the
material along some crystallographic axes than others. For cubic materials this




















with m1, m2 and m3 the components of magnetization along the cubic axes
(m1 = cos θ cosφ, m2 = cos θ sinφ and m3 = sin θ). Kc1 and Kc2 are mag-
netocrystalline constants. Typically, Kc2 and higher order terms can be ne-
glected [136]. The orientation of the easy axis is dependent of the sign of Kc1.
A positive or negative Kc1 results in easy axis along the (001) and (111) axis,
respectively.
Non spherical samples have an extra contribution to the anisotropy that
is the result of demagnetization fields. Thin films are far from spherical and
therefore this shape anisotropy term needs to be taken into account. The shape





where θ is the angle between the film normal and the magnetization [135]. From
formula 2.5 it is clear that shape anisotropy results into lower energy for films
with magnetic domains with magnetization oriented in the film plane, avoiding
the energy costs of demagnetisation fields.
In thin films the biaxial clamping of the film to the substrate can give rise
to strain anisotropy. The energy related to the magnetoelastic coupling is:
Eme = −3
2




in which ~a is a unit vector along the axis of uniaxial stress in an isotropic
material, σ is the stress tensor and λs is a dimensionless constant giving the
strength of the interaction [136–138]. In some cases, the strain anisotropy can
overcome the shape anisotropy, forcing the magnetic anisotropy out-of-plane, as
it is known in the case of CoFe2O4 under tensile strain [138–141].
2.6 Background on impedance spectroscopy
Impedance spectroscopy is a technique by which the electrical response of a
sample to an oscillating electrical field is measured, probing the electric dipole
moments in the sample. This response can be measured as function of temper-
ature and frequency giving valuable information about phase transitions and
relaxation processes. During the measurements, both the real part (resistance,
R) and imaginary part (reactance, X) of the impedance (Z) (or both the modu-
lus of the impedance, |Z|, and phase, δ) are measured. From the reactance of a
capacitor (XC= (ωC)
−1= (2pifC)−1), the real part of the dielectric permittivity








where 0 is the free permittivity of vacuum, A the area of the capacitor, d the
distance between the plates of the capacitor, that is the film thickness, and C0
the geometric capacitance, which is the capacitance of vacuum measured with
identical geometry as that of the sample (C0=
0A
d ). The imaginary part of the
dielectric permittivity can be calculated from the phase of the impedance, δ, or











The dielectric permittivity is then given by:
 = ′ − j′′ (2.9)
where, for convenience, we use the engineering notation, in which there is a
minus in front to the imaginary part of the permittivity, instead of the physical
convention, where permittivity is the sum of the real and imaginary permittiv-
ity1.
1The engineering notation of complex numbers can be recognized by the use of j instead
of i for the imaginary unit.
2.6 Background on impedance spectroscopy 27
The relation between the impedance and permittivity is given by:




In addition to Z and  there are two other immittance functions, the admittance
(Y) and the dielectric modulus (M):








Even though all four functions contain the same information, in principle, differ-
ent functions emphasize different behaviours and can reveal different processes.
The real part of all four dielectric functions is positive. The imaginary parts of
Y, M and  (due to the minus sign in the definition) are positive, while Z has
a negative imaginary part. Plotting -Z” vs Z’ makes comparison between the
complex planes easy, and we will stick to this convention in this chapter.
2.6.1 Frequency dependence
The frequency dependence of dielectric permittivity of a sample containing ideal,
equal and non-interacting dipoles in an oscillating electric field is described by
the Debye model of relaxation:




Splitting the Debye relaxation in its real and imaginary part we obtain:








with hf and s being the high frequency and static permittivity, respectively,
and τ being the relaxation time of the dipoles under consideration (more than
one type of dipoles will lead to more than one relaxation time). This results
in a step down in the real part of the dielectric permittivity above the frequen-
cies at which the electrical dipoles start being unable to follow the AC electric
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field (relaxation frequency), while the imaginary part of the dielectric permit-
tivity presents a maximum at the relaxation frequency see figures 2.12a and b,
respectively. From the frequency dependence of the dielectric permittivity, a
so-called complex plane plot can be drawn, in which the real part is plotted
along the x-axis, and the imaginary part along the y-axis (see figure 2.12c). Be-
cause of the Kramers-Kroning relation between real and imaginary parts, when
plotting them in this manner, every Debye relaxation process is visualized as
one semicircle in the complex plane plot. A schematic of a complex plane plot
with one Debye relaxation frequency is shown in figure 2.12. Since at lower
frequencies the real part of the dielectric response is always higher (more types
of dipoles are able to follow a slower varying field), the lower frequencies can
be found on the right, while the higher frequencies are on the left of the figure.
The maximum of the imaginary part corresponds to a frequency equal to the
inverse of the relaxation time τ . Complex plane plots are particularly useful
when two or more relaxation frequencies are present in the measured range, in
order to extract the intrinsic dielectric behaviour. This is done by modelling the
sample as a combination of resistors (sample losses) and capacitances (sample
polarizability) and comparing the measured response with that of an equivalent
electrical circuit. Every pair of series resistance and capacitance connected in
parallel will give one semicircle in the complex permittivity plot, and it will
describe a relaxation process with relaxation time τi = (RiCi)
−1.
In general, real measurements differ from the Debye theory due to inho-
mogeneity or disorder in the sample. This results in an off-centering of the
semicircle below the real axis. The angle between the real axis and r (θ in figure
2.12c) is a measure of the disorder. In equivalent circuits such inhomogeneous
elements are represented by a so-called Constant Phase Element (CPE).
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Figure 2.12: Frequency dependence of ′ (a) and ′′ (b) of a system with one
Debye relaxation mechanism. (c) Complex plane plot (′′ versus ′) of the re-
laxation processes with the center of the circle below the horizontal axis (=
Cole-Cole relaxation mechanism).
2.6.2 Temperature dependence
Temperature dependence of the dielectric permittivity is very sensitive to phase
transitions involving dipolar species. In order to characterize a phase transition
it is first important to establish the background temperature dependence of the
dielectric permittivity, the expected temperature dependence due to the lattice
contributions.
At high enough temperatures a linear temperature dependence of the dielec-
tric permittivity is expected [143]. At low temperatures, quantum-mechanical
effects need to be taken into account and the lattice dielectric permittivity can
be modelled either by the Barrett formula for quantum paraelectrics or materi-
als displaying Curie-Weiss behaviour at low temperatures [144], or by the Fox
formula for improper ferroelectrics in which the ferroelectric mode is coupled
with other optical modes. [145], which is the approach followed in this the-
sis. According to Fox et al. [145], the temperature dependence of the lattice
permittivity can be expressed as:
(T ) = (0) +
C0
e~ω0/kBT − 1 (2.16)
With, ω0 the mean frequency of the final states of the soft optic branch and C0
a coupling constant.
At a proper ferroelectric transition temperature (when the ferroelectric dis-
tortion is the primary order parameter), the correlation length diverges, and a
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spike is observed in the dielectric constant (Curie-Weiss law). For multiferroic
magnetoelectric materials, for which ferroelectricity is often improper, a devia-
tion (∆) from the lattice background can take different forms depending of the
crystal symmetry and the symmetry of the order parameters. In the simplest
case, the deviation will reflect the additional M2 dependence of the dielectric
permittivity, coming from the multiferroic P2M2 Landau term, which is always
allowed by symmetry in the Gibbs potential.
Chapter 3
Experimental
3.1 Pulsed laser deposition
All thin films discussed in this thesis were grown by pulsed laser deposition
(PLD) by use of a Lambda Physic COMPex Pro 205 KrF excimer UV-laser
with a wavelength of λ = 248 nm and a TSST PLD-RHEED system. An image
and a schematic of the setup are shown in figure 3.1. During deposition, the
short laser pulses first pass through a mask to select the proper deposition beam
size. The laser light is focused by a lens on a target situated inside a vacuum
chamber. The target is a polycrystalline sample that consist of the material to
deposit, in this case CoCr2O4 or SrRuO3. When a laser pulse hits the target, a
plasma plume forms perpendicular to the target, traveling towards the substrate.
The substrate, a flat piece single crystal with perfect single unit cell steps, is
glued with silver paste on a heater that can heat the substrate to a maximum
of 950 ◦C. The plasma deposits on the substrate, and by choosing the correct
parameters (the most important ones are substrate temperature, energy density
of the laser, spot size, ablation area and pressure inside the chamber), a layer
by layer growth of thin film occurs. The vacuum chamber has a background
pressure of 10−7 - 10−8 mbar. During deposition a pressure of typically 10−2 to
1 mbar is used. Before deposition, the target is cleaned by pre-ablating with the
laser. During deposition the pressure in the chamber was carefully regulated by
manually controlling the oxygen input flow. The PLD system is equipped with
a MPS-ECR Plasma Source of Oxford scientific (now SPECS) to increase the
oxidation of the films for growth in low oxygen atmosphere.
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Figure 3.1: Picture of the TSST PLD system and sketch of the vacuum chamber
3.2 Target synthesis
The CoCr2O4 PLD-target was synthesized by solid-state reaction as described
by Mufti et al. [114]. After drying CoO and Cr2O3 at 500
◦C, the compounds
were mixed in stoichiometric amounts and carefully ground and pressed into a
pellet. The pellet was sintered for 12 h at 1000 ◦C under argon flow. After
grinding the pellet to powder and hydrostatically pressing a new target, the
pellet was sintered at 1300 ◦C for 24 h under argon flow. Structure and lattice
constant were checked by powder XRD. Expected reflections for a cubic spinel
structure were observed, with a lattice constant of 8.336 A˚ versus 8.333 A˚ in
literature [114]. The purity and stoichiometry of the target was checked by
EDX and no impurities were detected. The magnetization curve of the target
is shown in figure 3.2.
3.3 X-ray diffraction
A PANalitical diffractometer was used for determining film thickness by X-
ray reflectivity measurements. Out-of-plane lattice constants were determined
by specular X-ray diffraction. Strain states of samples were determined by
off-specular reciprocal space maps. Crystal quality was checked by scanning
ω-rocking curves. Exact in-plane lattice constants were determined by GID
(Grazing Incidence Diffraction) at the P08 beamline at Petra III, DESY Ham-
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Figure 3.2: Magnetization of polycrystalline target at 100 Oe. Overview over




The quality of thin films was checked by X-ray diffraction experiments on a
PANalitycal X’Pert four axis diffractometer with a PW3373/10 Cu LFF X-ray
generator tube. The generator was operated in the line focus, at 40 kV and
40 mA. The incident optics consist of a hybrid X-ray monochromator, with a
parabolic mirror that collimates the divergent beam of the X-ray generator,
and two (220) Ge monochromators, to select the Cu Kα1 wavelength. The
Kα2 is reduced to 0.1 %. After the hybrid monochromator the divergence is
reduced by a divergence slit. A standard 1/8◦ divergence slit was used for most
measurements, while a smaller divergence slit (1/16◦ or 1/32◦) was used for
high resolution and low angle reflectivity. This geometry offers high resolution
in the 2θ direction.
Both proportional detector (point detector) and PANalitycal PIXcel3d de-
tector were used, with their corresponding optics. The proportional detector
was used in combination with an anti-scatter slit of 1/4◦, a soller slit 0.04 and
a height slit of 0.3 mm. The proportional detector was used for reflectivity,
2θ − ω, ω and φ scans. Scans were performed in the continuous mode.
The PIXcel3d is a 2 dimensional detector of 2.5◦ wide in both the 2θ and
vertical direction. The detector consists of 256 x 256 slots. The Pixel3d was used
with a 0.04 soller slit and was used for reciprocal space mapping, reflectivity,
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2θ − ω and ω scans. Anti-scatter slit and scan mode were chosen according to
the measurements.
The reflectivity, 2θ − ω and ω scans were measured in the receiving slit
mode with 1/16◦ anti-scatter slit. Reciprocal space maps were recorded using a
9.1 mm anti-scatter slit. Specular reciprocal space maps were recorded with a
scanning line detector 1D mode, while off-specular reciprocal space maps were
scanned with the static line detector 1D mode.
3.3.2 Petra III
Grazing incidence diffraction was performed at P08 beamline at Petra III, Desy,
Hamburg. P08 has a Kohzu high precision 6-circle diffractometer giving freedom
in all directions. A beam energy of 10 keV was used, with a linear Mythen
detector.
3.3.3 Reciprocal space maps
Reciprocal space maps are useful for determining domains, polarization, strain
gradients and in-plane lattice constants [146]. In this work it was used to get
information about the strain in thin films.
In a standard XRD setup with point detector the angle between the incident
X-ray beam (with momentum ~kin) and the sample surface is called ω, and 2θ
is the angle between the incoming and outgoing beam (with momentum ~kout).
The difference between the outgoing and incoming beam is called the scattering
vector ~q. In reciprocal space the 2θ angle determines the length of the scattering
vector ~q. The direction of the scattering vector in reciprocal space (δ) is defined
by the difference between the real space angles θ and ω: δ = θ − ω, not one of
the angles of the setup, and it therefore has to be controlled by the real space
angle ω. ω scans form circles in reciprocal space, and 2θ−ω scans form straight
lines in reciprocal space, (by changing the length of the scattering vector ~q, but
not its direction δ). Measuring several lines (2θ − ω scans) in reciprocal space
at several ω positions results in a two dimensional map. To plot the reciprocal
space map, the real space angles need to be converted in reciprocal space by
using equations 3.1 and 3.2. This data is plotted in a 2D density plot, where the
horizontal and vertical axes correspond to k‖ (the component of the scattering
vector parallel to the film surface) and k⊥ (the component of the scattering
vector perpendicular to the film surface), respectively.
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Figure 3.3: Relation between the real space diffractometer angles θ and ω, and
the reciprocal space. The difference between the incoming (~kin) and outgoing
(~kout) momentum is the reciprocal lattice vector ~q. ~q can be moved through
reciprocal space by changing θ and ω.
k⊥ = |q| · cos δ (3.1)
k‖ = |q| · sin δ (3.2)
If δ = 0, then the 2θ − ω scans pass through the specular peaks, giving
information about the out-of-plane lattice constants. In-plane lattice constants
can be determined by off-specular peaks. The off-specular peaks can be reached
by taking an offset angle δ, i.e. θ 6= ω (see figure 3.3)
Modern X-ray diffractometers are equipped with linear detectors, making
quick scanning of the reciprocal space possible. A linear detector has a row of
detectors, measuring several 2θ angles at one angle ω in a single shot. This way
a single ω or 2θ − ω scan will result in a 2 dimensional image in the reciprocal
space.
3.4 XPS
XPS was performed using a Surface Science SSX-100 ESCA instrument operat-
ing at a pressure below 5 × 10−9 mbar and an energy resolution of 1.26 eV. The
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instrument is equipped with a monochromatic Al Kα X-Ray source (hν=1486.6
eV) and the spectra were recorded with an electron take-off angle of 37◦ with
respect to the surface normal. The analyser has a spot with a diameter of 1000
µm. XPS spectra were analysed using the least-squares curve fitting program
Winspec. Deconvolution of the spectra included a Shirley baseline subtraction
and fitting with a minimum number of peaks consistent with the valence states
of each ion. We have focused our attention on the Co 2p and Cr 2p peaks
(consisting of spin-orbit-split 2p3/2 and 2p1/2 peaks). By comparing the fitted
Co 2p and Cr 2p peaks integrated intensities, we were also able to quantify the
cationic ratio in our films, within the accuracy limit of the XPS method, which
is within 10%.
3.5 MPMS
A quantum design MPMS (Magnetic Property Measurement System) XL-7 mag-
netometer system was used for measuring temperature (1.9 -340 K) and field
dependent (-7 to +7 Tesla) magnetization. The MPMS system is a magnetome-
ter that uses a second order gradiometer and a RF-SQUID to measure very
accurate magnetic dipole moments.
To measure the magnetic moment of a sample, the sample is moved through
a set of superconducting coils, called a gradiometer. The gradiometer consists of
three coils in series of which the first one is single wound clockwise, the middle
one is double wound counterclockwise and the last one is again single wound
clockwise, as shown in figure 3.4. When a magnetic sample moves through the
coils, the magnetic flux change will induce a current in the gradiometer circuit,
that plotted against the sample position z gives for a strong magnetic sample
a signal like the blue line shown in figure 3.5a. Since the gradiometer has two
loops clockwise and two counterclockwise, changes in external fields cancel out
in the gradiometer. The gradiometer pick up coil is inductively coupled to the
RF-SQUID by a transformer.
A RF-tank circuit feeds the RF-SQUID loop with an oscillating RF current
signal in the MHz range. When the moving sample induces a flux change in
the SQUID loop via the gradiometer, the change in flux results in change in the
inductance of the tank circuit, and therefore the voltage output will change. The
RF-SQUID thus converts the current induced in the pick-up coil linearly to an
output voltage that is dependent on the sample position (z) in the gradiometer.
The SQUID output voltage as function of the position is shown in figure 3.5a
by the blue line. In addition to the pick-up coils, the MPMS system has a
3.5 MPMS 37
superconducting coil to generate magnetic fields during measurements. The
SQUID loop is shielded against magnetic flux change from the superconducting
magnet or environment by a superconducting shield.
The output voltage signal generated by moving the sample through the coils,
as a function of position (this data can be found in the .raw data file generated
by the system), was fitted by Mathematica. In practice the output data when
measuring small magnetic moments is not as perfect as shown by the blue line
in figure 3.5a. The real output signal is the curve in yellow. From this out-
put voltage the average voltage was extracted (demeaned voltage) followed by
extraction of a linear slope (detrended voltage), represented by the blue data
points. The detrended voltage as function of the sample position was fitted by
eq. 3.3.
f(z) =a+ c(2(R2 + (z + d)2)−3/2 − (R2 + (Λ + (z + d))2)−3/2
− (R2 + (Λ + (z + d))2)−3/2)
(3.3)
in which R (= 0.97 cm) is the radius of the SQUID coils, Λ is the separation
between the coils (Λ = 1.519 cm.), d is the center position of the curve, a is
a linear offset. The magnetic moment in emu can be calculated from the fit
parameter c:
M(emu) =
c× longitudinal regression factor
SQUID cal. factor× sensitivity factor× correction factor (3.4)
The longitudinal regression factor is 1.825, the SQUID calibration factor
and the correction factor are machine dependent numbers (for our machine the
values are 7937.349 and 0.9125 respectively). The sensitivity factor is defined
as the ratio gain/range. Range and gain values for every measurement can be
found in the .diag output file.
The MPMS system is standard equipped with the DC measurement setup.
In the DC measurements the sample moves in discrete steps of typically 1 mm
through the coils and the DC setup has a sensitivity of 1 × 10−7 emu. Magnetic
measurements presented in this thesis are performed with a measurement setup
more sensitive for small magnetic moments, called the Reciprocating Sample
Option (RSO), in which the sample is oscillating with a frequency of typically
0.5 - 4 Hz through the coils. Due to the short measurement time of the RSO
technique, more measurements can be averaged and the short measurements are
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Figure 3.4: Gradiometer pick-up coil of a MPMS system for sensitive magnetic
measurements.
much less sensitive to magnetic drift, resulting in a standard deviation as low
as 5× 10−9 emu.
All measurements were performed in the center mode over a 3 cm length,
with 1 Hz. For temperature dependent measurements, the sample was first
cooled at 2 K/min in a field of 1 T down to 4 K. Then at 4 K, the field was low-
ered to 0.01 T and stabilized for at least 1 hour. Measurements were performed
during warming up with a ramp rate of 2 K/min.
To prevent flux change in the pickup-coil due to the sample holder, the
magnetic background should be as homogeneous as possible. Therefore, sample
holders were made of transparent drinking straws and no cotton and gelatin
capsules were used. The samples were measured with the magnetic field applied
both perpendicular and parallel to the films plane. For measurements in paral-
lel geometry the sample was fixed on the outside of the straw by 0.6 mm wide
kapton tape over the full length of the drinking straw. For perpendicular mea-
surements the drinking straw was cut in two halves, then the sample was fixed
between the two halves and the two pieces were fixed together by two stripes
of kapton tape over the full length of the straw. In the in-plane measurements
(parallel geometry), the sample is on the outside of the straw, and not exactly
at the center of the pick-up coil, causing a systematic error of a few percent
[147].
The SQUID is designed to measure the component of magnetization in the
axial (mz, see figure 3.4) direction of the gradiometer. Magnetization in the
radial direction (mr, see figure 3.4) will produce a much weaker SQUID output
signal with a shape very different from the axial signal (see figure 3.5b). The
signal is zero when passing through a coil, and when the sample is between the
coils, some flux change is detected by the coils. The signal is odd rather than
the normal even output signal, and therefore cannot be fitted by formula 3.3
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Figure 3.5: Output signal (yellow),detrended (blue) SQUID response and fit
to the detrended SQUID response of a sample with pure axial magnetization
measured with the standard setup (a) and a detrended SQUID response of a




Before performing capacitance measurements, the samples have been processed
by lithography in order to define electrodes on the surface. Electron beam
lithography (EBL) has been used to define electrodes in a broad range of ge-
ometry and size. Two types of structures have been created: square electrodes
with size between 50 microns x 50 microns to 1000 microns x 1000 microns
(used for impedance measurements in out-of-plane geometry, i.e. when the film
is electrically poled between a bottom electrode and the top contacts), and sec-
ond, interdigitated electrodes with different in-plane orientations (length 1mm,
spacing down to 5 µm, for schematic see figure 3.6) used to pole the sample
along an in-plane direction.
The samples were patterned using a Raith e-line EBL system and the steps
involved are presented below. An EBL photo resist, PMMA 950 K, is spun at
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Figure 3.6: Schematic of the interdigitated electrodes
4000 RPM for 60 seconds on the sample surface and baked for 90 seconds on
the hotplate at 180 ◦C. The baked substrate was dipped in 3% ethyl acetate
to obtain a resist layer thickness of 150 nm. The exposure is performed in the
Raith e-line electron-beam lithography system at a pressure< 1.10−5 mbar. The
patterns are written with an e-beam accelerated up to 30 kV and an aperture
size of 60 µm, using a dose of 450 µC/cm2. These parameters are optimized for
the photoresist used (type of resist, thickness, conductivity of the substrate) to
achieve the desired spatial resolution (that could be as good as few nm). The
exposed areas are developed in a mixture of MIBK:IPA (1:3) for 30 seconds,
immediately followed by rinsing in IPA for 30 seconds. The different metals
are deposited in a Temescal TFC-2000 e-beam evaporator system with a base
pressure of 107 mbar. A bilayer of Ti/Au is used to make the contacts with
typical thickness of 15 nm and 60 nm. Ti is used to promote a better adhesion
of Au on the substrate surface. After deposition, the sample is put in hot
Acetone (40 ◦C) for 10 minutes to remove the photo resist. Electrodes are
connected by wire-bonding to the sample holder that will be inserted inside the
PPMS for capacitance measurements in a broad temperature range.
3.7 TEM
High resolution Transmission Electron Microscopy Imaging (HRTEM) was per-
formed by our collaborators (Ce´sar Mage´n and Roger Guzma´n) at the University
of Zaragoza using an image corrected FEI Titan Cube at 300 kV with a point
resolution below 1 A˚. Scanning transmission electron microscopy (STEM) stud-
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ies were performed in a probe corrected FEI Titan microscope operated at 300
kV with a probe size of approximately 1 A˚. Atomic resolution Z contrast imag-
ing was carried out by High Angle Annular Dark Field (HAADF) STEM with
a convergence angle of 25 mrad, with an inner and outer collection angles of 58
and 200 mrad, respectively.
3.8 Neutron diffraction
Neutron diffraction measurements were performed at the 6T2 4 circle diffrac-
tometer at the Laboratoire Leon Brillouin/Orphe´e reactor in Saclay, France.
Thermal neutrons with a 2.35 A˚ wavelength were used and higher harmonics
were filtered out by using pyrolythic graphite filters. Pyrolythic graphite was
used as monochromator. Reciprocal space was mapped with a 2D 128 × 128
position sensitive multiwire gas detector (BIDIM26) of 26◦ wide. During the
experiment, the sample was glued to an aluminum sample holder. A 5× 5 mm
cadmium plate was folded together with the sample in aluminum foil, such that
the foil was facing the substrate. The cadmium plate, that limits the number
of diffraction peaks, is used to absorb the neutrons, reducing the background
scattering by a factor of 8. Experiments were done at low temperatures down
to 10 K by using a cryopump. The sample was cooled down with a rate of
around 2 K per minute. During cooling down, a magnetic field was applied in
one of the 〈100〉 in-plane directions by use of two NdFeB permanent magnets of
1.3 T. The convergence of the direct beam was decreased to 15 min to increase
the resolution. Neutron diffraction measurements, under an in-plane magnetic
field, were performed on a 5 × 5 mm2 90 nm-thick CoCr2O4 sample on (001)-
MgO. Neutron diffraction experiments were also performed on a 5× 5 mm2 300
nm-thick CoCr2O4 sample on (111)-STO. The magnetic field was applied in the
[100] direction to get one magnetic domain. The magnetic field made a 55◦
angle with the film normal, in the plane of the [111] and [2-1-1] directions.
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Chapter 4
Effects of growth conditions
and strain on the quality
and magnetism of CoCr2O4
films
4.1 Introduction
Materials in which magnetism and ferroelectricity coexist belong to the class
of so-called multiferroic materials [10, 12–16]. The possibility of having strong
magnetoelectric coupling makes multiferroics interesting for new device appli-
cations, in which the magnetic order can be controlled by an electric field [3, 4].
However, multiferroics are rare among oxide materials [12] and only present mag-
netoelectric coupling in special cases [10]. Spin-induced ferroelectricity can give
rise to the desired cross-coupling between the magnetic and electric orders [16].
In complex oxides, a particular spin arrangement, typically spin-spiral, breaks
inversion symmetry, and can thus induce an electrical polarization. However,
this type of materials often has antiferromagnetic order, and does not show any
net magnetic component, making them unsuitable for some of the most desirable
applications, such as memories or spin valve devices.
One of the few metal-oxide materials (less than a handful) showing mul-
tiferroic properties with magnetoelectric coupling and a net magnetization is
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Effects of growth conditions and strain on the quality and
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CoCr2O4 [73]. This material shows different magnetic phases depending on the
temperature. CoCr2O4 is ferrimagnetic below 93 K, while below 26 K it has a
magnetic conical spiral structure [89–94], with the rotating spin component lying
within the (001) plane and the spontaneous magnetization along the [001] direc-
tion. This magnetic conical spiral structure displaces the oxygen ions between
the magnetic metal ions by the inverse Dzyaloshinskii-Moriya effect [47, 49],
pushing the oxygen ion off-center and inducing an electric polarization in the
[−110] direction. Yamasaki et al. showed that in the magnetic conical spiral
state the polarization can be reversed repeatedly by a magnetic field [73]. It
is suggested that this strong coupling is due to clamping of the magnetic and
ferroelectric domain walls [73].
For devices applications, the integration of the material in thin films form
is necessary. Only a few studies have been focused on CoCr2O4 thin films.
Until now, CoCr2O4 thin films grown by pulsed laser deposition (PLD) were
used as buffer layers on SrTiO3 and MgAl2O4 for the growth of ferrites [148,
149]. Growth, morphology and magnetic properties of (001)-CoCr2O4 thin
films grown by sputtering were studied by Lu¨ders et al. [150–152] and of (111)-
CoCr2O4 thin films grown by PLD on Al2O3 substrates by Liu et al. [153]. No
ferroelectricity and magnetoelectric coupling have been observed in CoCr2O4
thin films so far. Here we describe the influence of deposition parameters on
stoichiometry, morphology, magnetism, epitaxy and crystal quality of high qual-
ity thin films grown by PLD. In addition, we present the effect of epitaxial strain




Thin film growth is very dependent on the growth conditions but also on the sub-
strate crystal symmetry, orientation, surface flatness and termination. There-
fore substrate treatment is a crucial step in thin film growth. In this work four
different substrates were used: (001)-MgAl2O4, (001)-MgO, (001)-SrTiO3 and
(111)-SrTiO3. To get the substrate surface as perfect as possible, commercially
available polished substrates (from CrysTec) were thermally and chemically
treated before growth. The chemical annealing procedure of all substrates is
described below. Prior to those steps all substrates were cleaned for 20 minutes
in acetone followed by 20 minutes in ethanol, inside an ultrasonic bath.
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4.2.1.1 Preparation of (001)-SrTiO3 and (111)-SrTiO3
The structure of (001)-oriented SrTiO3 can be seen as alternating layers of




polishing, the substrates are double terminated (both layers are present at the
surface of the substrate) which could have a negative effect on the growth. (001)-
substrates with only TiO2 termination can be obtained by chemical etching,
followed by thermal annealing [154]. First the substrates were placed for 30
- 60 minutes in ultrasonically activated demineralized water. This results in
hydroxylation of the SrO layer, while the TiO2 layer is unaffected. The formed
Sr(OH)2 can be easily etched by buffered HF solution for 30 seconds. After
etching, the substrates were annealed in a tube furnace under oxygen flow.
(001)-SrTiO3 substrates with a miscut below 0.1
◦ were annealed between one
and two hours at 950-960 ◦C, depending on exact miscut and batch.
(111)-SrTiO3 substrates were chemically treated identically to the procedure
above, followed by annealing between 7 and 15 minutes at 930 ◦C, for substrates
with miscuts around 0.3◦. Single terminated (001)-SrTiO3 and (111)-SrTiO3 are
shown in figures 4.1a and 4.1b, respectively.
4.2.1.2 Treatment of (001)-MgAl2O4 and (001)-MgO substrates
For MgO and MgAl2O4 substrates annealing was performed in two steps: first
ex-situ, then in-situ. Ex-situ annealing of (001)-MgO substrates was performed
in a tube furnace under oxygen flow at 1030 ◦C for 75 minutes. This results
in atomically flat substrates as shown in figure 4.1c. The MgO substrates have
step-and-terrace surfaces, with steps with a height of one unit cell. The steps
are not perfectly straight, due to short annealing, but unfortunately, longer an-
nealing or annealing at higher temperature result in terraces merging together,
forming thus irregular step edges with a few unit cell height. (001)-MgAl2O4
substrates were annealed in tube furnace under flowing oxygen at 1050 ◦C for
90 minutes. The MgAl2O4 substrates form rectangular islands with edges along
the (110)-directions. Longer annealing does not change the surface structure
and higher temperature annealing results in larger square islands.
To desorb water and CO2 from the surfaces, MgO and MgAl2O4 substrates
were subsequently in-situ annealed at 650 ◦C in 1 × 10−5 bar oxygen atmosphere
for at least eight hours just before growth.
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Figure 4.1: Substrate morphology after treatment. (a) (001)-SrTiO3, (b) (111)-
SrTiO3, (c) (001)-MgO, (d) (001)-MgAl2O4.
4.2.2 Growth conditions
CoCr2O4 thin films with thickness between 30 and 180 nm were grown by pulsed
laser deposition on the different types of cubic substrates mentioned previously,
((001)-SrTiO3, (111)-SrTiO3, (001)-MgO and (001)-MgAl2O4, which have per-
ovskite, rock salt and spinel structure, respectively) and will be discussed in this
chapter. We mainly focus on the films grown on (001)-MgO, (001)-MgAl2O4
and (001)-SrTiO3. These substrates are used in order to investigate the effect of
both tensile and compressive epitaxial strain in CoCr2O4. Details and analysis
of the films on (111)-SrTiO3 can be found in chapter 7.
The lattice mismatch between CoCr2O4 and SrTiO3 (lattice parameter a =
3.905 A˚), MgO (a = 4.21 A˚) and MgAl2O4 (a = 8.08 A˚) are indeed -7 %, -1% and
3% respectively. The ceramic CoCr2O4 pellet used as target for the PLD growth
was prepared by solid state reaction in the lab [114]. CoCr2O4 thin films were
grown by pulsed laser deposition, using a laser fluency of 3 J/cm2, at a frequency
of 0.5 Hz, with a target-substrate distance of 50 mm. Films were grown in
molecular and atomic oxygen (created in the chamber by use of an Oxford
Scientific MPS-ECR plasma source) at different pressures [155]. The growth
conditions (temperature, laser spot size and fluency) have been optimized to
get good quality CoCr2O4 films on the different types of substrates. The effect
of growth temperature and pressure will be presented in the next sections of
this chapter. The growth of single phase CoCr2O4 films takes place for a wide
temperature window.
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4.2.3 Films characterization
After growth, the thin films’ structure was determined by X-ray diffraction
(XRD) using a Panalytical X’pert lab diffractometer. In-plane lattice constants
were measured by Grazing Incidence Diffraction (GID) at the P08 beamline at
the Petra III synchrotron at DESY (Hamburg). AFM pictures were imaged
with a Veeco (now Bruker) Nanoscope V scanning probe microscope in tapping
mode, with aluminium coated tips (resonance frequency 300 kHz, force con-
stant 40 N/m). XPS was performed using a Surface Science SSX-100 ESCA
instrument operating at a pressure below 5× 10−9 mbar and an energy resolu-
tion of 1.26 eV. The instrument is equipped with a monochromatic Al Kα x-ray
source (hν=1486.6 eV) and an analyser with a spot size of 1000 µm in diameter.
HRTEM and HAADF-STEM (including strain analysis) were performed by our
collaborators (Ce´sar Mage´n and Roger Guzma´n) at the University of Zaragoza
with a Fei Titan Cube and Fei Titan Low Base microscope, respectively. The
films’ magnetization has been measured in a Quantum Design MPMS-XL 7
magnetometer by use of the Reciprocating Sample Option (RSO) mode. Mag-
netization versus temperature was measured on heating (2 K/min) in different
magnetic fields, after cooling with a 2 K/min rate in a magnetic field of 70 or
10 kOe. At 5 K the magnetic field was reset to the appropriate field during
the measurement. The films were measured with a magnetic field applied either
perpendicular or parallel to the films plane. Sample holders were made of plastic
straws with small magnetic background signals. More details on the techniques
can be found in chapter 3.
4.3 Stoichiometry of the CoCr2O4 films
Stoichiometry and oxidation state were checked by XPS for samples grown on
the different substrates discussed in section 4.2.1 over a broad growth tempera-
ture range. The results of the XPS study are summarized in figure 4.2. Figures
4.2a and 4.2b show that only Co2+ and Cr3+ are present, confirming the ex-
pected oxidation states in the CoCr2O4 films. Films show the expected Co/Cr
ratio around 0.5 for growth temperatures up to 500 ◦C. For higher growth
temperatures, the Co/Cr ratio varies. In films grown at 700 ◦C on MgO and
(001)-SrTiO3, diffusion of respectively magnesium and strontium to the film
surface is observed. Interdiffusion of substrate elements in spinel thin films was
also observed by Lu¨ders et al. and Hu et al. [152, 156].
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Figure 4.2: Typical Co 2p (a) and Cr 2p (b) core level XPS spectra of CoCr2O4
films, and the Co/Cr ratio extracted from XPS analysis as a function of growth
temperature (c).
4.4 Partially relaxed films on (001)-SrTiO3
Due to the large lattice mismatch and structural difference between film and
substrate, all CoCr2O4 films grown on (001)-SrTiO3 are partially relaxed, with
an out-of-plane lattice constant around 8.36 A˚, close to the CoCr2O4 bulk lattice
constant of 8.334 A˚. The rocking curves have FWHM of δω = 0.6 − 1.1◦ (see
inset of 4.3c). The films grown at 400 ◦C are very flat: the step and terrace
structure seen in figure 4.3a is identical to that of the substrate. Such growth
of spinel thin films, where the morphology of the substrate is still visible, was
reported by Ma et al. [155]. They explained this unusual type of growth by the
short diffusion of the ions on the surface, and named this type of growth vertical
step flow growth. In addition to the substrate steps, films have additional steps
(visible on the small scale AFM picture (figure 4.3b) that are probably due to
the sub-layers of the CoCr2O4 spinel structure. The magnetization of a 41 nm
CoCr2O4 sample on (001)-SrTiO3 is shown in figure 4.3d. The ferrimagnetic
transition is observed at 93 K at low fields, as reported in literature [73, 114]. No
spin-spiral transition is visible in the CoCr2O4 films, while at higher magnetic
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Figure 4.3: (a) and (b) AFM of CoCr2O4 film on (001)-SrTiO3 grown at 400
◦C. (c) XRD 2θ − ω scan around the (004) CoCr2O4 peak of a sample grown
at 600 ◦C. Inset shows the ω-rocking curve of the (004) CoCr2O4 peak. (d)
Temperature dependent magnetization at different magnetic fields of a sample
grown at 600 ◦C.
fields an unexpected magnetic transition is visible around 43 K.
4.5 Effect of growth temperature on the proper-
ties of strained CoCr2O4 films on MgAl2O4
and MgO
Although samples are stoichiometric over a wide range of growth temperatures,
changing the growth temperature affects the structural and magnetic properties
of films deposited on MgO and MgAl2O4 substrates. This section will be focused
on CoCr2O4 films grown under oxygen plasma at the same oxygen pressure
to evidence only the effect of growth temperature. The effect of the growth
atmosphere (oxygen pressure and the use of the plasma source) will be presented
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in the next section.
4.5.1 Structure and strain state
A cross section High-Resolution Transmission Electron Microscopy (HRTEM)
image of a 32 nm thick CoCr2O4 sample grown at 400
◦C on MgO is shown in
figure 4.4a. HRTEM shows that the sample is homogeneous over a large spatial
range. In the zoomed image in figure 4.4b, it can be seen that the sample has
a perfectly sharp interface with the MgO substrate, and a flat surface. The
same sharp interface and flat surface are also obtained in films grown at 400
◦C on MgAl2O4 substrates (figure 4.4c). Higher growth temperature (600 ◦C)
results in roughening of both the interface and the surface (see figure 4.4d). The
interface roughens and the first few layers in the film show a change in contrast.
The surface morphology becomes very rough, with pyramidal shaped features
of 5 to 10 nm in height. The structure in the pyramids is epitaxial with the rest
of the sample, and shows the spinel structure.
AFM topography confirms the morphology observed by TEM study. The
AFM images of films grown on MgAl2O4 at 400
◦C, on MgO at 400 ◦C and on
MgAl2O4 at 600
◦C are shown in figure 4.5a, b and c respectively. The samples
grown on MgAl2O4 at 400
◦C show a flat surface with random steps and a
surface roughness of 0.171 nm in a 3 µm × 1 µm area. On top of those random
steps, vague smaller steps can be observed (running from top to bottom of the
picture) that are the result of the sublayers in the spinel structure. The samples
grown at 400 ◦C on MgO show very low surface roughness, as shown in the 3
µm × 1 µm area image of figure 4.5b, with a roughness of 0.08 nm. Again,
vague but clearly visible steps run from the top to the bottom of the picture.
Picture 4.5c and d show that the growth at higher temperature on MgAl2O4
and MgO indeed results in roughening of the surface (surface roughness 1,67
and 1.83 nm, respectively, in a 3 µm × 1 µm area). The structures on the
surface do not appear pyramidal, probably due the size of the tip, which limits
the spatial resolution.
Higher magnification of the TEM images of films on MgAl2O4 grown at 400
◦C (see figure 4.6a) evidences a perfect spinel structure. In films on MgO grown
at 400 ◦C, anti-phase boundaries are present (see left side of figure 4.6b). The
number of anti-phase boundaries (APBs) increases with growth temperature.
A detailed TEM study on APBs and the structure of the films is presented in
chapter 8. The out-of-plane deformation (zz) and in-plane deformation (xx)
are shown in the insets in figure 4.6, and reveal that the in-plane film lattice
constant in both films (both around 32 nm thick) on MgO and MgAl2O4 is
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Figure 4.4: HRTEM of CoCr2O4 films grown on MgO and MgAl2O4. Film
grown on MgO at 400 ◦C (overview (a) and zoomed image (b)). CoCr2O4
grown on MgAl2O4 at 400
◦C (c) and CoCr2O4 grown on MgO at 600 ◦C (d).
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Figure 4.5: AFM topography of CoCr2O4 films grown on (a) MgAl2O4 at 400
◦C, (b) MgO at 400 ◦C, (c) MgAl2O4 at 600 ◦C and (d) MgO at 600 ◦C.
identical to that of the substrate, and therefore the films are fully strained to
the substrate.
The flat films grown at 400 ◦C and 450 ◦C on MgAl2O4 and MgO are
epitaxial and fully strained, as can be seen from the area scans around the
off-specular reflections in figure 4.7(c and d) and 4.8(c and d), respectively.
To better evidence the strain state, the reciprocal space maps are plotted in
reciprocal lattice units (r.l.u) of the MgAl2O4 and half of the reciprocal lattice
units of MgO. In figure 4.7c the (115) peaks of CoCr2O4 film and MgAl2O4
substrate lay on the same vertical. On MgO, there is no substrate peak visible
around the 115 peak of CoCr2O4 (figure 4.8c) since the unit cell of MgO is
approximately half the unit cell of CoCr2O4. The vertical direction of full
coherence between film and substrate has been drawn as a dashed line. For
the two (206) scans the substrate peaks are outside the scanned area: their
horizontal position is indicated by the dashed lines.
(115) and (206) film peaks are exactly at one vertical line with the substrate
peaks both on MgAl2O4 and on MgO, meaning that they have the same qHK0
and therefore the same in-plane lattice constant as the substrate. The fully
epitaxially strained films have in-plane lattice constants of 8.09 A˚ and 8.42 A˚
on MgAl2O4 and MgO, respectively, or in other words, the films are under 3.0
% compressive strain on MgAl2O4 and under 1.1 % tensile strain on MgO (bulk
CoCr2O4 has a lattice constant of 8.33 A˚). While CoCr2O4 on MgAl2O4 has
a sharp peak in the in-plane direction for all area scans, films grown at 450
◦C on MgO exhibit a broader peak for the off-specular peaks (115 and 206) in
the in-plane direction. This is probably the result of APBs disturbing the long
range order. For a more detailed analysis of the APBs see chapter 8.
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Figure 4.6: (a) HAADF (high-angle annular dark-field)-STEM of CoCr2O4
grown on MgAl2O4 (b), HRTEM of film grown on MgO. Out-of-plane defor-
mation (zz) and in-plane deformation (xx) are shown in the insets. The de-
formation images are 50 nm wide.
In addition to the strain state, the area scans in figures 4.7 and 4.8 show
thickness fringes in the [00L] direction, confirming that the samples are homo-
geneous with flat interface and surface.
Linear 2θ − ω scans around the (004) CoCr2O4 peak for films with differ-
ent growth temperature are shown in figure 4.9 on MgAl2O4 (a) and MgO (b),
respectively. Both scans show that the increase in growth temperature results
in decreasing peak intensity with weakening and eventually completely disap-
pearance of the fringes, i.e. the crystal quality decreases dramatically. The
peaks position moves towards the substrate peaks, showing that higher growth
temperature on both MgO (above 450 ◦C) and MgAl2O4 (above 400 ◦C) results
in partial relaxation of the film (for lattice constants see tables 4.1 and 4.2).
However, films grown at 600 ◦C are not yet fully relaxed. The difference in
the relaxation temperature for both substrates can be explained by the misfit
between the CoCr2O4 film and substrates: the larger misfit strain of films on
MgAl2O4 results in relaxation at lower growth temperature.
The out-of-plane constants extracted from 2θ− ω scans (figures 4.9a and b)
and in-plane lattice determined from GIXRD maps (figures not shown) are listed
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Figure 4.7: Reciprocal space maps of a 40 nm thin film of CoCr2O4 grown at
400 ◦C on MgAl2O4 substrate around different CoCr2O4 reflections. The axes
are in reciprocal lattice units of the MgAl2O4 lattice. (a) 004 reflection, (b) 008
reflection, (c) 115 reflection and (d) 206 reflection.
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Figure 4.8: Reciprocal space maps of a 40 nm thin film of CoCr2O4 grown at
450 ◦C on MgO substrate around different CoCr2O4 reflections. The axes are
in reciprocal lattice units of the double of the MgO lattice. (a) 004 reflection,
(b) 008 reflection, (c) 115 reflection and (d) 206 reflection.
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Figure 4.9: 2θ − ω scans around (004) Bragg peak for CoCr2O4 films (∼ 40
nm) grown at different temperatures on MgAl2O4 (a) and MgO (b), with in the
insets the rocking curves for the films grown at 400 and 600 ◦C. (c) in-plane
(open symbols) and out-of-plane (solid symbols) lattice constants of CoCr2O4
films grown on MgAl2O4 (circles) and MgO (squares) at different temperatures.
in tables 4.1 and 4.2 and plotted as a function of the growth temperature in
figure 4.9c. For those films the apparent Poisson ratios, ν∗ = −oopip , of the films
were determined from the out-of-plane strain, oop =
c−cb
cb




, with cb = ab = 8.333 A˚, the CoCr2O4 bulk lattice constant. The
Poisson ratio (ν) can be calculated from ν∗ by ν = ν
∗
2+ν∗ [157]. A Poisson ratio of
0.5 is expected if no volume change of the unit cell occurs. On films on MgAl2O4
(table 4.1) we observe Poisson ratio’s in the range of 0.3-0.4, reflecting a small
decrease in volume under compressive strain. These values are larger than the
ones observed for CoFe2O4 (Poisson ratio’s of 0.2 and lower) [157, 158]. For the
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Table 4.1: Out-of-plane lattice constants (c), in-plane lattice constants (a), in-
plane strain ip, out-of-plane strain oop, apparent Poisson ratio (ν
∗) and the
Poisson ratio (ν) of the MgAl2O4 films in figure 4.9. V is the unit cell volume.
Tgrowth (
◦C) c (A˚) a (A˚) 3
√
V (A˚) ip oop ν* ν
400 8,575 8,099 8,255 -0,234 0,242 1,03 0,341
450 8,540 8,191 8,306 -0,142 0,207 1,46 0,422
600 8,430 8,210 8,283 -0,123 0,097 0,788 0,283
Table 4.2: Out-of-plane lattice constants (c), in-plane lattice constants (a), in-
plane strain ip, out-of-plane strain oop, apparent Poisson ratio (ν
∗) and the
Poisson ratio (ν) of the MgO films in figure 4.9. V is the unit cell volume.
Tgrowth (
◦C) c (A˚) a (A˚) 3
√
V (A˚) ip oop ν* ν
400 8,169 8,430 8,342 0,097 -0,164 1,69 0,459
450 8,167 8,429 8,341 0,096 -0,166 1,73 0,463
500 8,176 8,398 8,323 0,065 -0,157 2,43 0,548
600 8,221 8,315 8,284 -0,018 -0,112 -6,17 >> 0,5
films grown on MgO (table 4.2) at 500 ◦C and below, the Poisson ratio is close
to 0.5 and volume does preserve under tensile strain. The decrease in volume
under tensile strain of samples on MgO with 600 ◦C as growth temperature,
is counter-intuitive (Poisson ratio’s larger than 0.5), and probably the result of
defect formation (see chapter 8) or Mg diffusion from the substrate, although
at growth temperatures of 600 ◦C no Mg diffusion from the substrate to the
surface was observed by XPS.
Films on MgO are fully strained up to 72 nm thickness (figure 4.10b), and
keep narrow rocking curves (FWHM= 0.04◦(inset of figure 4.10b). CoCr2O4
films as thick as 113 nm still have Kiessig fringes around the (004) diffraction
peak (figure 4.10b), and rocking curves width of 0.05◦ in ω. However, at 113
nm thickness, the film starts to relax slightly and an impurity phase appears
giving an additional peak at 2θ = 43.56◦. Films on MgAl2O4 relax already at
thickness between 45 and 70 nm, due to the large lattice mismatch with the
substrate (see figure 4.10a).
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Figure 4.10: 2θ − ω scans around the (004) Bragg peak for 32 nm and 70 nm
thick CoCr2O4 films grown on MgAl2O4 at 400
◦C (a) and for 32 nm, 72 nm and
113 nm CoCr2O4 films on MgO grown at 450
◦C (b). The intensity of the 72
nm and the 113 nm thick films in (b) are multiplied by 10 and 100, respectively.
inset shows the ω-rocking curve of the 72 nm film.
4.5.2 Magnetism
CoCr2O4 thin films exhibit highly anisotropic magnetic properties. While the
magnetization is found purely in-plane on MgO, the films deposited on MgAl2O4
(and SrTiO3) have a magnetization perpendicular to the film’s plane. The
anisotropy of the films will be discussed in detail in chapter 5. In figure 4.11a
(4.11b) measured magnetization graphs with the magnetic field applied perpen-
dicular (parallel) to the film surface for CoCr2O4 films on MgAl2O4 (MgO) is
shown.
The ferrimagnetic transition temperatures of CoCr2O4 thin films on MgAl2O4
are dependent on the growth temperature. Films deposited at 600 ◦C have a
transition temperature (Tc) of 96 K and low temperature magnetization of 0.18
µB/f.u. at 0.01 T. The transition temperature is consistent with the Tc reported
in poly- and single crystals [73, 114]. However, the magnetization is larger than
the values reported for single crystals and polycrystalline samples (0.08 µB/f.u.
and 0.15 µB/f.u., respectively). Samples grown at lower temperature (with
better crystal quality and higher strain) have a lower Tc (down to 81 K), and
increased magnetization (up to 0.34 µB/f.u.). Field dependence measurements
can be found in chapter 5 on page 72.
The magnetization of films on MgO is weaker than on MgAl2O4. The films
deposited at 600 ◦C have a low temperature magnetization of 0.06 µB/f.u. and
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Figure 4.11: Temperature dependence of the magnetization for CoCr2O4 films
grown at different temperatures. (a) out-of-plane magnetization of CoCr2O4 on
MgAl2O4 and (b) in-plane magnetization of CoCr2O4 along the (001) axis on
MgO.
a Tc of 93 K, identical to bulk single crystals. Samples grown at a temperature
of 400 ◦C have an even weaker magnetization. For the samples grown at low
temperatures, the temperature dependence of the magnetization is different than
in the other samples: the magnetization starts to rise at 80 K and it gradually
increases with lowering the temperature.
4.6 Effect of growth atmosphere on CoCr2O4
films on MgO and MgAl2O4
As discussed in the previous paragraph, films on MgO and MgAl2O4 can have
flat interfaces, high crystallinity and can be fully strained if they are grown at
”low” temperatures. However, growth in a molecular oxygen atmosphere was
found to lead to poor reproducibility: fully strained films with Kiessig fringes
can be obtained with intensity in the (004) reflection just above 1000 c/s, but
not always. These films often show partial relaxation, broad peaks and low
diffracted intensity (around 100 c/s) as shown by the blue line in figure 4.12.
Growth under oxygen plasma flow (atomic oxygen) at identical conditions
results in a large improvement of the reproducibility (increase in growth win-
dow) and film quality (XRD intensity 3000-4000 c/s). Films grown on MgAl2O4
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Figure 4.12: XRD 2θ− ω scans around the (004) CoCr2O4 peak of films grown
on MgAl2O4 at four different oxygen pressures in plasma flow (black, red, green
and yellow) and in molecular oxygen (blue).
and MgO under molecular oxygen have rocking curves with FWHM in ω typi-
cally below 0.03◦, while the films grown under plasma atmosphere have slightly
smaller FWHM.
The growth quality is also very dependent on the oxygen plasma pressures
as shown in figure 4.12. High quality films can be grown between 0.009 and
0.012 mbar. Lower and higher pressures will result into a strong intensity drop
of the XRD peak intensity and partial relaxation. In the reciprocal space maps
around the off-specular diffraction peaks (see figure 4.13), we see that for those
films the peaks broaden towards bulk and therefore we ascribe the change in
out-of-plane lattice constant to relaxation and not to oxygen deficiencies.
4.7 Discussion
The pyramidal shapes on the surface of CoCr2O4 films (see section 4.5.1) were
also observed by Lu¨ders et al. in samples grown by RF-magnetron sputtering at
temperatures between 600 and 800 ◦C. In their work the pyramids are several
hundreds of nm high, depending on growth conditions and film thickness [150,
151, 159] and the authors concluded that these pyramids were ordered along
the (110) crystal orientation and showed (111)-surface facets. The formation of
(111) spinel surface is surprising at the first sight since they consist of single ions
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Figure 4.13: Reciprocal space maps around the (115) (a, c and e) and (206) (b,
d and f) reflections of CoCr2O4 films grown in 0.003 (a and b), 0.007 (c and d)
and 0.02 (e and f) mbar atomic oxygen.
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and are, therefore, heavily charged (energetically unfavorable). However, several
reports show that the (111) spinel surface is low in energy due to changes in
the layer spacing at the surface, cation inversion, or surface reconstruction [85,
86, 160, 161]. The surface energy of the (111) surface of a spinel surface is
typically 5 times lower than the (001) surface, which can explain the formation
of pyramidal shaped surface in (001)-oriented films [84].
On both MgO and MgAl2O4 the shape of the temperature dependent mag-
netization is very different from that of bulk CoCr2O4, see figure 3.2 on page
33 for the magnetization of polycrystalline CoCr2O4. The spin-spiral tran-
sition and lock-in transitions are not observed. The lower magnetization of
CoCr2O4 on MgO in comparison with CoCr2O4 on MgAl2O4 can be due to
the presence of APBs in the films on MgO. APBs are known to reduce the
values of magnetization in ferrite spinel thin films with respect to those of the
bulk [140, 141, 162, 163]. It has been proposed that this effect is due to the
strengthening of the intrasublattice antiferromagnetic superexchange coupling
across the APBs, resulting in large saturation fields and nearly random mag-
netization in low magnetic fields. However, the increase in the APB density
(see chapter 8) in combination with increase of the magnetization observed in
low fields (see section 4.5.2) for films of CoCr2O4 on MgO with higher growth
temperature is in contradiction with this explanation.
The change in magnetization in ferrite spinel films is often explained by
cation inversion [164–166]. However, as both Co2+ and Cr3+ in CoCr2O4 have
3 unpaired spins, the effect of inversion of sites occupancy on the magnetization
is difficult to predict. The observed change in magnetization might be ascribed
to strain. The relationship between strain and magnetic phase transition tem-
peratures is typically difficult to predict, as discussed by Cao et al. [167]. The
lowering of the transition temperature in figure 4.11 is therefore still not under-
stood.
In the films on (001)-SrTiO3 (and also (111)-SrTiO3, not shown) under
high magnetic fields a transition in the magnetization is visible at 43 K. X-
ray Resonant Magnetic Scattering (XRMS) shows a superstructure peak with a
~q−vector close to the bulk magnetic spin-spiral ~q−vector below 35 K in a sample
on (110)-MgO (see chapter 8). Also impedance measurements on films on (111)-
and (001)-SrTiO3 show anomalies at 43 K (see for instance in figures 6.25 and
6.23 in chapter 6). However, this transition temperature is very different than
that of the conical spin-spiral transition reported in bulk (26 K). Transitions
at 48-50 K in the dielectric and magnetic measurements are often observed in
literature and addressed to the short range spiral ordering (Tkink) [118, 168].
Although the 43 K transition has all characteristics of a magnetic spiral order-
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ing and the 48-50 K transition is in literature seen as the short range spiral
ordering of CoCr2O4, care should be taken: oxygen has, at low pressure, a
paramagnetic-antiferromagnetic and solid-liquid transition at 43 K and 50 K,
respectively. It is well known that the paramagnetic-antiferromagnetic transi-
tion can be observed in SQUID [169] and both transitions are also observed in
capacitance measurements on solid oxygen [170].
4.8 Conclusion
Stoichiometric CoCr2O4 films can be grown over a broad temperature range.
Growth at low temperatures prevents atomic interdiffusion from the substrate.
Higher temperature growth gives rise to interface and surface roughening as well
as partial relaxation. Fully strained CoCr2O4 samples can be grown on MgO and
MgAl2O4 substrates with thicknesses up to 70 and 45 nm, respectively. Their
low temperature growth results in flat, epitaxial and fully strained thin films.
Spinel films with such excellent quality have been rarely reported in literature.
The thin films are, like the bulk, ferrimagnetic and the ferrimagnetic transition
temperature lowers under both compressive and tensile strain. CoCr2O4 thin
films exhibit highly anisotropic magnetic properties. No spin-spiral and lock-in
transitions were observed in these magnetization measurements. This absence
of the conical spin-spiral transitions in magnetization data in all films is in
disagreement with bulk magnetization measurements [89, 108].
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Chapter 5
Strain-induced magnetic
anisotropy in epitaxial thin
films of the spinel CoCr2O4
5.1 Introduction
Thin films with out-of-plane spontaneous magnetization, showing so-called per-
pendicular magnetic anisotropy, are of great interest for applications such as
high density magnetic memories with fast switching [171]. Perpendicular mag-
netic anisotropy is also needed for spintronic applications, for example in mag-
netic tunnel junctions, and for low energy current-driven domain wall mo-
tion [172–175].
In a system of finite size, magnetic anisotropy is determined by the bal-
ance of magnetocrystalline and shape anisotropy. The former is a bulk property
originating from spin-orbit interaction, while the latter originates from mag-
netic dipole-dipole interaction and depends on the geometry of the sample. For
the case of thin films, where shape anisotropy always tends to favor in-plane
magnetization [176], it is interesting to understand how the strain affects the
magnetocrystalline part. Indeed, the way in which epitaxial strain can affect
the magnetocrystalline anisotropy has been the subject of intensive investiga-
tions [138–140, 140, 141, 156, 156, 177–179]. A prominent example of such
investigations is the spinel compound CoFe2O4, which has a strong magne-
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tostriction coefficient [138, 156, 177, 180]. In CoFe2O4 thin films, it was shown
that changing the sign of the strain leads from cooperation to competition of
shape and magnetocrystalline anisotropies [138].
Compounds with spinel (MgAl2O4-type) structure have chemical formula
AB2X4 where A and B are cations and X represents the ligand anion (usually
O, S or Se). In this structure, the cations occupy either the tetrahedrally coor-
dinated1 (T) site or the octahedrally coordinated (O) site. There are twice as
many O sites as T sites. In a normal spinel, A and B cations occupy T and O
sites, respectively, while in an inverse spinel, half of the B cations occupy the
T sites and the remaining half occupy the O sites together with the A cations.
These two states are the extreme cases, spinels can have any ordering between
the normal and inverse spinel structure. In general spinels are characterised by
the degree of inversion (i.e. the concentration of B cations occupying T sites).
The bulk structure (unstrained case) of the inverse spinel CoFe2O4, with
a disordered Co2+/Fe3+ occupancy on the octahedrally coordinated sites, has
cubic symmetry (space group Fd3¯m). This enforces the quadratic magneti-
zation terms in the magnetocrystalline anisotropy to vanish, leaving as lowest
order terms the quartic ones, which are typically of smaller size, although they
can be appreciably large [177, 181]. However, strain lifts the cubic symme-
try, allowing quadratic magnetocrystalline anisotropy, which can either favor
in-plane or out-of-plane magnetization. While in CoFe2O4 compressive strain
favors in-plane magnetization, i.e. magnetocrystalline and shape anisotropies
cooperate [138, 156, 178, 182], in CoFe2O4 films grown under tension on MgO,
the strain-induced out-of-plane bulk anisotropy is large enough to overcome the
shape anisotropy, promoting out-of-plane magnetization [138–141, 179]. The
magnetocrystalline anisotropy in CoFe2O4 is expected to be the result of strong
spin orbit coupling at the Co2+ cation [183, 184] and, thus, a significant effect
is expected for different site occupation of the Co2+ ions [164, 185], as observed
in CoFe2O4 under different annealing conditions [156].
Another Co2+ compound with cubic spinel structure, CoCr2O4, raised con-
siderable interest a few years ago as it was discovered to be a multiferroic with
strong magnetoelectric coupling when undergoing a transition to a ferrimagnetic
conical spiral state [73, 111, 168, 186]. As temperature is lowered, CoCr2O4 first
shows a transition to a collinear ferrimagnetic state at TN1∼ 95 K, which exists
down to TN2∼ 26 K. Below this temperature the ferrimagnetic conical spiral
state appears and induces an electric polarization [73, 111]. At T∼ 14 K an
1Here T and O do not refer to the Schoenflies notation of the point group but label the
type of coordination, respectively, tetrahedral and octahedral.
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abrupt change in electric polarization occurs [73, 111]. The fact that it is diffi-
cult to grow good quality CoCr2O4 single crystals leaves some open questions on
the detailed magnetic state [94, 111]. To date, the epitaxial growth of CoCr2O4
in thin film form has only been reported by a few groups [148, 152, 153, 187].
No study so far has reported strain engineering of magnetic properties.
CoCr2O4 has a strong tendency to order in a normal spinel structure [82],
i.e. with Co2+ occupying T sites and Cr3+ occupying the O sites. This is dif-
ferent from the behavior of CoFe2O4 and NiFe2O4, which have an inverse spinel
structure, with the Co2+ and Ni2+ occupying O sites, while Fe3+ cations are
distributed in equal proportion among O and T sites (although real samples can
show partial occupation of Co2+ in T sites due to growth kinetic effects [156]).
Because of the different Co2+ distribution in CoCr2O4 and CoFe2O4, the effect
of strain on magnetic anisotropy is expected to be different in the two com-
pounds. However, it is unknown how these differences will manifest themselves
in actual films, since studies on the magnetic anisotropy of strained CoCr2O4,
as well as a comprehensive theoretical treatment for spinels, are lacking.
In this work, we investigate experimentally and theoretically the strain de-
pendence of magnetocrystalline anisotropy in CoCr2O4, with the purpose of
generalizing the behavior of spinel systems in which Co2+ is expected to be the
main source of magnetocrystalline anisotropy. After a brief discussion of exper-
imental and computational details, we present our results of magnetic measure-
ments performed for thin films of CoCr2O4 under both compressive and tensile
strain. In particular, we find that in CoCr2O4 strain affects magnetocrystalline
anisotropy in the opposite way compared to CoFe2O4: compressive and tensile
strain favor, respectively, out-of-plane and in-plane magnetization.
We then discuss results of ab initio calculations of the strain dependence of
magnetocrystalline anisotropy performed by Scaramucci, Blickenstorfer, Spaldin
and Ederer at ETH-Zurich. Finally, we provide simple arguments, based on
second order perturbation theory, which explain the opposite tendencies of the
strain dependence of magnetocrystalline anisotropy in CoCr2O4 and CoFe2O4.
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Figure 5.1: (a) Crystallographic structure of CoCr2O4. The primitive unit cell
of the fcc lattice is shown, containing 2 formula units. Blue, green, and red
spheres represent, respectively, Co2+, Cr3+ and O2− ions. Grey arrows indicate
the ferrimagnetic ordering considered in the calculations. Red arrows in panels
(b) and (c) show the oxygen displacements for the two modes which appear on
relaxing the structure under strain.
5.2 Experimental and Computational details
CoCr2O4 thin films were grown using pulsed laser deposition (PLD). The Re-
flection High-Energy Electron Diffraction (RHEED)-assisted PLD system is
equipped with a Lambda Physik COMPex Pro 205 KrF laser with a wave-
length of 248 nm. The laser was run with a frequency of 0.5 Hz for 2 hours,
using a laser fluence of 3 J/cm2 and a target-substrate distance of 50 mm, which
resulted in CoCr2O4 films with thicknesses of about 40 nm. The substrate was
kept at 400-450 ◦C during growth. A ceramic CoCr2O4 pellet, sintered by solid
state reaction [114], was used as target. The growth took place in a 0.01 mbar
oxygen plasma atmosphere, created by an Oxford Scientific MPS-ECR plasma
source in order to improve the oxidation of the films [155]. After deposition, the
films were cooled down in 0.5 bar O2 atmosphere with a cooling rate of 5
◦C
per minute. The structure of the thin films was determined by X-ray diffraction
(XRD), using an X’pert lab diffractometer. Magnetization was measured using
a QD MPMS 7 XL SQUID magnetometer.
CoCr2O4 thin films of 40 nm thickness were deposited both on MgO and
MgAl2O4 substrates. Before deposition, the substrates were post-annealed at
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650 ◦C overnight [188] in 1×10−5 bar oxygen atmosphere. MgAl2O4 has the
spinel crystal structure, like CoCr2O4, but with a smaller lattice parameter,
corresponding to a lattice mismatch2 of −3.1 % that induces a large in-plane
compressive strain in the CoCr2O4 films. MgO has the rock-salt structure with
a lattice mismatch of 1.1 %, resulting in CoCr2O4 films under tensile strain.
Ab initio calculations were performed by our collaborators at ETH-Zurich
using the LSDA+U approach, as implemented in the Vienna Ab initio Simu-
lation Package (VASP), with Projector Augmented Wave pseudopotentials. A
7× 7× 7 Monkhorst k-point grid is used, considering a primitive unit cell of the
underlying face-centered cubic (fcc) lattice, containing two formula units. The
values of the effective on-site Coulomb interactions and Hund’s couplings for
Co2+ and Cr3+ were set to UCo = 4 eV, J
H
Co = 1 eV and UCr = 3 eV, J
H
Cr = 1
eV, respectively. As shown in reference [189], a realistic description of the mag-
netic properties of CoCr2O4 is obtained using these values. Moreover, for both
transition metal ions, the 3s and 3p states were treated as valence electrons.
The lattice constants and atomic positions, both for the unstrained cubic unit
cell and for various values of strain, were obtained by calculating the energy
of relaxed structures at different values of the out-of-plane lattice constant and
extracting the value corresponding to minimal energy. Relaxations were per-
formed considering a collinear ferrimagnetic state in which the spins of the Co2+
sublattices are antiparallel to those of the Cr3+ sublattices (see figure 5.1a). The
normal spinel configuration considered in the calculations is consistent with the
experimental evidence, from HRTEM experiments, supporting the normal-type
spinel structure in the CoCr2O4 thin films under strain.
Calculations to obtain the size of the magnetocrystalline anisotropy were per-
formed using non-collinear spin-polarized calculations, in which the direction of
the spins of each magnetic sublattice was constrained and rotated, keeping the
ferrimagnetic order described above.
5.3 Results and discussion
5.3.1 Experimental results
Despite the lattice mismatch between both substrates and CoCr2O4, high qual-
ity epitaxial thin films have been grown under both tensile strain, on [001]-
2Here we consider as lattice mismatch |as − aCCO|/aCCO where aCCO is the bulk lattice
constant of CoCr2O4 and as is the lattice constant of the substrate in the direction relevant
for the strain.
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Figure 5.2: (a) Specular XRD pattern around the (004) CoCr2O4 reflec-
tions. The inset shows the rocking curves around the (004) reflections for both
films. XRD Reciprocal space maps (RSMs) around the (115) reflections of the
CoCr2O4 films grown on MgAl2O4 (b) and MgO (c). The axes in b) and c) are
labelled in reciprocal lattice units (r.l.u.) of the substrate. The vertical dashed
line in c) marks the position of the substrate peak (not shown).
oriented MgO, and under compressive strain, on [001]-oriented MgAl2O4 sub-
strates. The possibility of applying high amounts of strain to spinel materials
was also observed in CoFe2O4 by Gatel et al. [178]. The XRD characterization of
the films shows a large number of thickness fringes around the film peaks, reveal-
ing a superb flatness of the film interfaces (figure 5.2a). The excellent crystalline
quality of the films is shown by the rocking curves of the film peak, displaying
full width at half maximum (FWHM) below 0.03◦ (inset of figure 5.2a). The
films on MgAl2O4 and MgO have out-of-plane lattice constants of 8.58 A˚ and
5.3 Results and discussion 71
Figure 5.3: Magnetization of strained CoCr2O4 on MgAl2O4 (a) and MgO (b)
measured both in-plane and out-of-plane, in a field of 0.01 T after cooling in 1
T. The magnetic response of a bare MgO substrate is added as a solid line4.
8.17 A˚, respectively (bulk value is c = 8.33 A˚).
The reciprocal space map around the (115)-reflection of CoCr2O4 in fig-
ure 5.2b shows that the in-plane lattice constant of the films on MgAl2O4 are
identical to that of the MgAl2O4 substrate, as substrate and film peaks are
observed at the same value of qHK0. Thus, the films are coherently strained,
despite the huge lattice mismatch between the MgAl2O4 and bulk CoCr2O4 of
3.1 %. Despite the relatively low intensity of this reflection, thickness fringes
are also visible around the (115)-film peak.
According to our specular XRD measurements, CoCr2O4 films grown under
tensile strain on MgO display a similar crystal quality to that of the films grown
on MgAl2O4. The (115)-off-specular peak of CoCr2O4 in figure 5.2c shows that
the film on MgO is also fully strained. However, the rocking curve of this
peak [scan in the qHH0 direction], has a FWHM of 1.2
◦. This is the result of
the difference in structure between the rock-salt MgO substrate and the spinel
CoCr2O4 film. It is known that the growth of spinel films on rock-salt structure
materials can result in the formation of anti-phase boundaries, creating a less
homogeneous lattice in the in-plane directions. Anti-phase boundaries have, in-
deed, been observed in our CoCr2O4 thin films using HRTEM (see chapter 8).
Magnetization of the thin films was measured in both in-plane and out-of-
4The substrate is measured before annealing, with the H-field parallel to the in-plane
direction. This particular substrate is not exactly the same as that on which the film in
figure 5.3 was grown and, thus, the paramagnetic impurity tail may differ. Annealing of the
substrate prior deposition may also alter the impurity content.
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Figure 5.4: Magnetic hysteresis loops of CoCr2O4 on MgAl2O4, under compres-
sive strain (a), and on MgO, under tensile strain (b), at 20 K, measured in the
(100) in-plane and (001) out-of-plane directions.
plane geometries, the data shown in figure 5.3 is without substrate background
removal. The magnetization of CoCr2O4 is highly anisotropic as shown in fig-
ure 5.3. Films on MgAl2O4, under compressive strain, in a field of 0.01 T applied
perpendicular to the film, show the ferrimagnetic transition at 81 K (the bulk
value being TN1 ∼ 95 K). Applying a magnetic field along the [100] in-plane
direction induces only a paramagnetic tail, which originates partially from the
substrate contribution, showing that the film has an easy out-of-plane axis. The
films on MgO, under tensile strain, show a ferrimagnetic transition at ∼80 K un-
der a 0.01 T field applied in the [100] in-plane direction, while no ferrimagnetic
transition is observed when the field is applied in the out-of-plane direction. The
magnetic anisotropy in CoCr2O4 films, thus, changes sign depending on the sign
of the strain: the magnetic easy axis is out-of-plane in films under compressive
strain, while it is in-plane in films under tensile strain. Loops were measured
both along [010] and [110] directions, no distinct difference was observed, sug-
gesting that there might be an easy plane anisotropy in the samples on MgO.
As discussed above, the strain-tuning of the magnetic anisotropy has also been
observed in films of CoFe2O4 but in that case the effect is opposite [138].
It should be noted here that there is no evidence of the spiral transition in
these magnetic measurements. In previously published results on CoCr2O4 crys-
tals, this transition was also less pronounced than the ferrimagnetic one [111]
and even sometimes almost undetectable in the magnetic measurements [73].
Because of this, evidence of a transition is often provided by other measurements
such as specific heat or dielectric measurements. Dielectric measurements per-
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formed on different films grown on both substrates (see for dielectric response
of a film on MgAl2O4 figure 6.26 at page 112 and for a film on MgO figure 6.27
at page 113) show slight changes in the slope around the spin-spiral phase tran-
sition, indicating that the conical spin-spiral may indeed survive in CoCr2O4 in
thin film form.
The magnitude of the magnetization is also dependent on the sign of the
strain. The magnetization at 20 K of the CoCr2O4 films under compressive
strain is 0.34 µB per formula unit (f.u.), while it is only 0.03 µB/f.u. under
tensile strain. These values are, respectively, larger and smaller than the 0.08
µB/f.u. found in single crystals [73]. Cation inversion is well known to increase
or decrease magnetization in spinel structures as for instance in NiFe2O4 [164–
166]. However, NiFe2O4 and CoFe2O4 have a collinear ferrimagnetic structure,
whereas in bulk CoCr2O4, the low temperature magnetic structure is a ferri-
magnetic conical spiral in which the low temperature magnetization is not de-
termined by cation inversion (Co2+ and Cr3+ both have three unpaired spins)
but by the conicities of the magnetic spirals of the various sublattices.
A ferrimagnetic conical spiral can also be present in thin film samples at low
temperatures. This, together with a possible dependence of the spiral conicities
on the applied strain, might explain the change in the low temperature mag-
netization. It is also worth to note that the gyromagnetic tensor is likely to
depend weakly on strain, which might contribute to the discrepancy between
the low temperature magnetization of the two samples. Moreover, the magne-
tization of spinel structures on MgO can be smaller than in bulk as a result
of anti-phase boundaries [140, 141, 162, 163]. As mentioned above, anti-phase
boundaries were observed in our CoCr2O4 films on MgO, and could thus explain
their lower magnetization values. However, since no APBs have been observed
in our films on MgAl2O4, it is likely that the increased value of magnetization
with respect to bulk CoCr2O4 in this case has other origins, such as changes in
conicities.
The strain-dependent magnetic anisotropy is confirmed by the magnetic hys-
teresis measurements shown in figure 5.4. Films on MgAl2O4 (figure 5.4a) mea-
sured with the field along the out-of-plane direction, show a square loop with
coercive field of 2.2 T when the diamagnetic slope of the substrate contribution
is subtracted, while in the in-plane direction no loop opens. This confirms that
the [001] out-of-plane axis is an easier axis than the {100} in-plane axes. The
hysteresis loop on MgO has an opening when the field is applied in the [100]
in-plane direction while no loop opening is observed in the out-of-plane direc-
tion (figure 5.4b). On MgO, the loop in the in-plane direction is not square,
which could be a sign of the field not being applied along the easy axis. How-
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ever, it is well known that films of CoFe2O4 with anti-phase boundaries have
such loop shapes [162, 182]. In our CoCr2O4 films on MgAl2O4, we observe an
extremely large coercive field (unusual for spinels), which most likely originates
in the symmetry lowering induced by the strain. Extremely high coercive fields
in spinel thin films have also been observed by Yanagihara et al. [190].
5.3.2 Ab initio calculation of magnetic anisotropy
To investigate the microscopic mechanisms leading to the strain dependence of
the magnetic anisotropy shown in figures 5.3 and 5.4, ab initio calculations were
performed, as mentioned earlier. First the crystal structure under strain was
calculated by relaxing the out-of-plane lattice constant together with the atomic
positions to their lowest energy value for a set of in-plane lattice constants. Then
the relaxed structures were used to calculate the magnetocrystalline anisotropy.
In addition to the change of the lattice constants, the structural relaxation
of the strained unit cell induces two structural distortions involving oxygen dis-
placements. These correspond to displacement modes of symmetry Γ+1 and Γ
+
3 .
Mode Γ+1 corresponds to a uniform compression (enlargement) of the oxygen
tetrahedra coordinating Co2+ when compressive (tensile) strain is applied (see
figure 5.1b). Mode Γ+3 , on the other hand, changes the local symmetry from
that of a perfect tetrahedron to that of a tetragonally distorted one, as shown
in figure 5.1c). We note that the displacements of O2− in mode Γ+3 give rise to
shifts in the crystal field splitting similar to those corresponding to the change of
the lattice constants when strain is applied. For example, mode Γ+3 , when com-
pressive (tensile) strain is applied, shrinks (enlarges) the tetrahedra surrounding
Co2+ in the xy plane and elongates (shrinks) them along the z axis.
To estimate magnetocrystalline anisotropies we consider the anisotropic part
























where, i and ν = 1, .., 6 label, respectively, the unit cell and the magnetic




ν are, respectively, the strength of
quadratic and quartic anisotropy of spins at sublattice ν and Sα, with α =
x, y, z, are the spin components along the pseudocubic crystallographic axes.
Here we denote with z the direction perpendicular to the film. On the one
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Figure 5.5: The left and right panels show, respectively, the calculated angle (θ)
dependence of the energy (with the energy at θ = 90◦ subtracted) for −3.12%
(compressive) and 1.08% (tensile) strain. θ = 0 corresponds to magnetic mo-
ment along the x axis (in-plane), while θ = 90◦ corresponds to magnetic moment
along z (out-of-plane). The two values of the strain are approximately equal to
the experimental ones.
hand, for the bulk case, the first term on the right-hand side of Eq. (5.1) has to
vanish due to the cubic symmetry. On the other hand, while the fourth-order
term is always allowed, relatively small tetragonal distortions are expected to
make the second-order term dominating.
Ab initio energies were mapped to the Hamiltonian in Eq. (5.1) using the
following procedure (see e.g. reference [191]). A set of ab initio calculations
were performed, where the direction of all the spins is rotated uniformly (i.e.
keeping the magnetic ordering of figure 5.1) from the in-plane direction (x) to
the out-of-plane direction (z) by an angle θ. For these magnetic configurations,
Eq. (5.1) yields a θ dependence of the ab initio energy per unit cell given by





Here, γ is a constant energy shift which includes all contributions unrelated to
magnetocrystalline anisotropy, while α and β include, respectively, the quadratic
and quartic contributions to spin anisotropy of all six magnetic sublattices in
the unit cell.
The two panels in figure 5.5 show the numerical results (dots) and the fits
(curves) obtained using Eq.(5.2) for (θ) for strains close to the experimental
values of −3.1 % (compressive) and 1.1% (tensile). We note that (θ) fits well
the ab initio energies, indicating that the model in Eq. (5.1) describes well
the magnetocrystalline anisotropies in this compound. Moreover, it was found
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Figure 5.6: Calculated strain dependence of the constant α, as described in the
text. The inset shows the strain dependence of the constant β related to the
quartic anisotropy.
that, in agreement with experimental results, a tensile value of the strain favors
a direction of the spins in the film plane (energy minimum at θ = 0◦), while
compressive strain favors a direction perpendicular to the film plane (energy
minimum at θ = 90◦).
For the case of a collinear ferrimagnetic state, the magnetocrystalline aniso-
tropy part of the microscopic magnetic Hamiltonian, Eq. (5.1), can be easily
related to the direction of magnetization, i.e. magnetization is favoured along
the easy axis anisotropy direction. However, for a ferrimagnetic conical spiral
state, such straightforward relationship does not always hold. In this state, the
magnetic ordering of the various sublattices consists of a collinear and a spiral
component and the collinear component, which gives rise to the net magnetiza-
tion, is perpendicular to the plane containing the spiral one. Therefore, whether
the collinear or the spiral part of the magnetic ordering is along the easy axis di-
rection might be related to the conicity of the spin ordering, i.e. the relative size
of the collinear component with respect to the spiral one. Nonetheless, we note
that the transition temperatures in figure 5.3 are comparable with the transition
temperature of the collinear ferrimagnetic state in the bulk (TN1 ∼ 95 K). It is
thus reasonable to assume that, at least at temperatures below but close to the
transition, the magnetic ordering is collinear also for the films and, thus, the
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magnetization is parallel to the microscopic easy direction given by Eq.(5.1).
To generalize the dependence of the magnetocrystalline anisotropy on strain,
we extract the values of the constants α and β as the strain is tuned. These
dependences are shown in figure 5.6. We note that the strength of the quadratic
part (α) of the magnetocrystalline anisotropy decreases linearly (to first approx-
imation) as the strain is tuned from compressive to tensile and changes sign for
the bulk structure. In contrast, the strength of the quartic term (β) shows a
much weaker dependence on strain.
It is reasonable to assume that the strongest contribution to the magne-
tocrystalline anisotropy originates from the Co sublattice due to the d7 elec-
tronic configuration of Co2+ and the larger value of spin-orbit coupling (which
increases with the atomic number) compared to Cr3+. To verify this assump-
tion, we estimate the separate contributions of the Co2+ and Cr3+ sublattices
by performing the following calculations. We constrain the spins of the Cr sub-
lattices to be ferromagnetically aligned along the y direction and the spins of
the Co sublattice to be ferromagnetically aligned along a direction in the xz
plane forming an angle θCo with the x axes. As θCo is changed, the exchange
energy within the Co (Cr) sublattices cannot vary, as all the spins within these
sublattices are kept parallel. Moreover, the exchange energy between the Co
and Cr sublattices is always zero, as their spins are kept perpendicular to each
other. Therefore, the main contribution to the spin part of the Hamiltonian
should originate from Eq. (5.1), which, for such a spin configuration, has the
energy dependence








Here, αCo and βCo contain the contribution to the anisotropy of the Co
2+ sub-
lattice and a constant energy shift is omitted. Similar calculations can be per-
formed to obtain the anisotropy contributions of only the Cr3+ sublattice, αCr
and βCr.
Figure 5.7a shows the comparison of the contributions of the Co and Cr sub-
lattices to the magnetocrystalline anisotropy for the case of 3% tensile strain.
In agreement with our initial assumption, the magnetocrystalline anisotropy
is dominated by the contribution of Co ions. Interestingly, we note that the
sum of the contributions of the two sublattices does not give exactly the value
obtained for the total magnetocrystalline anisotropy. We further investigated
the origin of such difference and excluded possible sizeable contributions from
terms such as Dzyaloshinskii-Moriya interaction or anisotropies of the exchange
interactions. A possible source of this discrepancy might arise from a non-local
contribution to the magnetocrystalline anisotropy, e.g. a contribution related to
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Figure 5.7: (a) Calculated energy dependence on the angle θ when the contribu-
tions of the Cr3+ (green squares) and Co2+ (light blue diamonds) are separated
as described in the text for 3% tensile strain. The sum of the two contributions
and the energy dependence obtained by a global rotation of all the spins are
shown by (violet) triangles and (blue) dots, respectively. Curves represent the
fits obtained as described in the text. (b) Crystal field splitting of a Co2+ ion
in tetrahedral coordination under compressive strain.
hopping between Co2+ and Cr3+ which might depend on the relative orientation
of the spins of the two sublattices.
5.3.3 Second-order perturbation theory for the magne-
tocrystalline anisotropy
After establishing that the dominant contribution to magnetocrystalline aniso-
tropy originates from the Co2+ sublattices, we note that the strain dependence
of the anisotropy can be understood using a simple picture of isolated Co2+ ions
coordinated by distorted oxygen tetrahedra. In this case the Co2+ contribution
to the first term on the right-hand side of Eq. (5.1) can be obtained by second





z)2 = −λ2(Λzz − Λxx)(Sz)2, (5.4)





Li is the i-th component of the orbital momentum operator, |k〉 and |0〉 denote,
5.3 Results and discussion 79
respectively, the k-th excited state and the ground state. To obtain HA, we use
the tetragonal symmetry, i.e. Λxx = Λyy.
For the case of a (“normal”) cubic spinel the symmetry of the ions sitting in
the T sites is Td. Considering the joint effect of the change of the lattice
constants and the mode Γ+3 , one obtains (for the case of compressive strain) the
splitting of the d levels as sketched in figure 5.7 (b). Here, the d7 electronic
configuration was considered and it was assumed that ∆ > ∆t2 > ∆e > 0,
as the lobes of t2 states are pointing more directly towards the ligands. In
principle, crystal field splitting can be estimated from the ab initio calculations
using Wannier functions. However, it was shown (see e.g. reference [194]) that
this method requires a careful analysis and the so-obtained splittings do not
necessarily correspond to a simple point charge model of isolated ions within a
crystal field. By taking into account only the electronic excitations with lowest




λ2 [−4∆t2 (∆ + ∆t2) + 3∆e (∆ + ∆e)]
(∆ + ∆t2) (∆ + ∆e) (∆ + ∆e + ∆t2)
, (5.5)
where the subscript T indicates that the equation holds for Co2+ in tetrahedral
coordination. This expression, for the case of compressive strain, leads to an
out-of-plane easy axis anisotropy (∆
(2)
Co is negative as ∆t2 > ∆e, which favors
spin orientation along z), in qualitative agreement both with experiments and ab
initio calculations. Moreover, Eq. (5.5) holds also for the case of tensile strain,
where ∆t2 and ∆e are expected to be negative with ∆t2 < ∆e < 0. This gives
rise to an easy-plane value of the quadratic anisotropy (positive ∆
(2)
Co , which
favors spin orientation perpendicular to z).
Furthermore, we speculate that a similar argument can be used to explain
the sign of the magnetostriction in the inverse spinel CoFe2O4. Assuming that
also in CoFe2O4 the largest contribution to the magnetocrystalline anisotropy
originates from the Co2+ ions, we use similar considerations to those used for
the tetrahedrally coordinated Co2+ to obtain an expression for the anisotropy
for the case of octahedral coordination. It is important to note that in cubic
spinel (both normal and inverse) the octahedral sites do not possess symmetry
Oh but are trigonally distorted. Such distortion was previously shown to play
an important role in the surprisingly large quartic magnetic anisotropy found
in cubic CoxFe3−xO4 [183, 184]. Nonetheless, as we are interested in the emer-
gence of second order anisotropy with a strain-induced tetragonal distortion, we
consider the case of a perfect Oh symmetry for the unstrained case. Moreover,
we restrict ourselves to the case of compressive strain where, similarly to the
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case of CoCr2O4, non-degenerate perturbation theory can be applied [193]. For




λ2 [∆t2g (4∆eg + 5∆t2g) + ∆ (∆ + ∆eg + 6∆t2g)]
∆t2g (∆ + ∆t2g) (∆ + ∆eg + ∆t2g)
, (5.6)
where the subscript O indicates octahedral coordination, ∆t2g = εxy − εxz/yz,
∆eg = εx2−y2 − εz2 , ∆ = εz2 − εxy and εi is the on-site energy of the i-th d
orbital. For compressive strain of the octahedron, it is reasonable to assume that
∆eg > 0, ∆t2g > 0 and ∆ > 0, which implies that the anisotropy, equation (5.6),
favors in-plane orientation of the spins (∆
(2)
Co-O > 0). We stress that in contrast
to equation (5.5), the expression in equation (5.6) does not hold for tensile strain
as the treatment of this case would require the use of degenerate perturbation
theory.
5.4 Summary
We report the growth of fully strained (001) CoCr2O4 films on MgAl2O4 and
MgO substrates. Magnetometry experiments reveal that compressively strained
CoCr2O4 thin films exhibit a perpendicular magnetization, while films under
tensile strain exhibit an in-plane magnetization. The mapping of LSDA+U cal-
culations to the anisotropic part of an effective spin model, equation(5.1), shows
that (001) compressive strain favours a spin easy axis along the [001] direction
while tensile strain favours spin orientation in the film plane. The quadratic
anisotropy term changes smoothly as strain is tuned and vanishes in the cu-
bic case. Moreover, these calculations confirm that the main contribution to
magnetocrystalline anisotropy is given by the Co2+ sublattice. The direction
of magnetization is parallel to the easy direction of the microscopic magnetic
model for the collinear ferrimagnetic state and for ferrimagnetic conical states
with large enough conicity. We note that, for both the samples, the ferrimag-
netic state appears at temperature close to TN1 below which bulk CoCr2O4 is
collinear for a large temperature regime (26 K . T . 95 K). Therefore, it is
reasonable to assume that the magnetization is parallel to the easy direction of
model equation(5.1). Under this assumption the results obtained with LSDA+U
are in agreement with experimental observations.
Furthermore, to explain the behavior of the quadratic part of the magne-
tocrystalline anisotropy with strain in CoCr2O4, we give a simple argument
based on a perturbative treatment of spin-orbit coupling when the crystal field
splitting is modified by strain. Finally, we use these arguments to explain that
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the strain dependence of anisotropy is opposite in the inverse spinel CoFe2O4
due to the different coordination of the cobalt ion. The same sign of the strain-
induced anisotropy as in CoFe2O4 has been reported in CoO films [195] (also
containing Co2+ in octahedral coordination), indicating that the simple argu-
ment given in our discussion might not be only specific for spinel structures but
can, in principle, be extended to more general cases.
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The previous chapters have shown that high quality ferrimagnetic CoCr2O4
thin films can be grown by PLD. Nevertheless, the conical spin spiral transition
reported in the bulk was not observed in SQUID magnetization measurements
(see figures 4.11 and 7.6 at pages 59 and 126). Spin-spiral structures are not
impossible in thin films. Glavic et al. reported the presence of ferroelectricity
and spin-spiral structure by second harmonic generation and X-ray magnetic
scattering in unstrained TbMnO3 thin films as thin as 6 nm [196]. Switching
of the bc spin-spiral plane to the ab plane under magnetic field in 100 nm
YMnO3 films was observed by ferroelectric measurements [197, 198]. However,
the spin-spiral structure of TbMnO3 and BiFeO3 is also reported to be absent
in strained thin films [199–201], which agrees with the theoretical predictions of
Bai et al. [202] that states that the strain is responsible for the absence of the
spin-spiral structure.
It is well known that, using temperature dependent dielectric measurements,
the magnetically induced ferroelectric transition is sometimes better visible than
the associated spin-spiral transition in SQUID magnetization measurements.
spin-spiral induced ferroelectrics have been reported to have a sharp peak in
the dielectric constant at the ferroelectric phase transition temperature [19, 53,
54, 56, 58, 60, 62]. On the contrary, Yamasaki et al. reported a very broad peak
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in the dielectric constant of CoCr2O4 at the spin-spiral transition. Others report
a discontinuity proportional to M2, due to the influence of the P 2M2 term in
the Landau functional of the Gibbs potential [114, 168], for temperatures below
the spin-spiral transition [203, 204].
Dielectric properties of CoCr2O4 thin films on several substrates, and thus
with several strain states (including unstrained films), are reported and dis-
cussed in this chapter. Both temperature and frequency dependence of the
dielectric permittivity are investigated. We determine the equivalent circuits
that represent the frequency dependence observed in the dielectric response of
the CoCr2O4 thin films and use them to extract the relevant parameters. Phase
transitions will be analyzed by the temperature dependent dielectric permittiv-
ity.
6.2 Experimental
(001)- and (111)- oriented SrTiO3 substrates were treated as described in section
4.2.1. SrRuO3 bottom electrodes were grown by pulsed laser deposition (PLD)
using a KrF excimer laser (λ = 248 nm), assisted by Reflective High Energy
Electron Diffraction (RHEED). A commercial hot pressed polycrystalline target
was used. The deposition of (001)-SrRuO3 films was performed at 600
◦C in 0.13
mbar oxygen pressure. The laser fluence was 2.5 J/cm2, with a pulse repetition
rate of 1 Hz and a target-substrate distance of 58 mm. The deposition of (111)-
SrRuO3 films was performed at 610
◦C in 0.14 mbar oxygen pressure. The laser
fluence was 2.5 J/cm2, with a pulse repetition rate of 1 Hz, the same as those
used for the (001)-oriented films, but the distance between substrate and target
was only 48 mm. Growth conditions of (001)- and (111)-CoCr2O4 thin films are
described in sections 4.2.2 and 7.2, respectively.
After deposition, the films were slowly cooled to room temperature. Top
electrodes of Ti/Au with sizes of 50 microns x 50 microns to 1000 microns x
1000 microns were deposited by electron beam lithography (EBL). Dielectric
measurements were performed in parallel plate geometry accessing the out-of-
plane component of the permittivity (for detailed information see section 2.6).
To maintain their strain state, films on MgO and MgAl2O4 (under strain) were
grown without bottom electrode (see deposition conditions in section 4.2.2).
For these films, in-plane capacitance was measured by use of interdigitated
electrodes. Dielectric measurements were performed with an Agilent E4980A
precision LCR meter, with a frequency range of 20 Hz to 2 MHz.
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6.3 Frequency dependence
As mentioned in the experimental chapter, dielectric materials can be repre-
sented by an equivalent circuit consisting of resistors and capacitors. Such an
equivalent circuit has for all four immittance functions — dielectric permittivity
(), impedance (Z ), admittance (Y ) and dielectric modulus (M ) — the same
frequency response as the device under investigation and can mimic processes
like dielectric relaxation or ionic conductivity, giving valuable information about
them. From the four immittance functions, M and  are material properties,
while Y and Z represent the properties of the device (they depend on geometry
of the sample). All four immittance functions contain the same information,
but the visibility of the different relaxation processes differs [142, 205], and for
proper interpretation of the results, selecting the correct function can be essen-
tial [206]. Comparison between them can give additional information about the
type of process involved, and therefore, it is useful to study all the immittance
functions [207].
6.3.1 Equivalent circuit response
Dipoles at low enough frequencies can follow the electrical field without energy
loss, and therefore, are represented in the equivalent circuit by a capacitance.
Resistors represent loss of energy, either due to resistive paths in the sample, due
to ionic conductivity or due to the dipole relaxation. Resistors have a frequency
independent and real impedance, Z = R, while capacitors have a frequency
dependent and imaginary impedance, Z = 1jωC , with high impedance at low
frequency and low impedance at high frequency. An overview of several simple
circuits with the appearance of the different complex plane immittances is shown
in figure 6.1. In a circuit with a resistor and capacitor in series, figure 6.1a, the
impedance (Z = R + 1jωC ) has, at low frequency, a capacitive part that is high
in comparison to the resistive part and therefore the impedance is imaginary
and capacitive, while at high frequency the capacitive impedance is small and
therefore the impedance is real and resistive. This change from capacitive to
resistive response in the equivalent circuit as the frequency is increased means
that dipoles in the sample under investigation go from a situation where they
are able to follow the field, to a situation with energy loss, where they do not
follow, describing the low frequency part (ω < ω0) of the Debye relaxation
process (see figure 2.12). Since in the permittivity plane the capacitance is real,
while it is imaginary in the impedance plane, the storage of energy is related to
the real permittivity and the imaginary impedance. The frequency independent
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Figure 6.1: Complex plane plot of several circuits with their appearance in
the four immittance planes. Arrows give the direction of increasing frequency.
After [208]
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resistive part of the circuit in figure 6.1a results in frequency independent real
impedance (and modulus) and therefore a straight line, while in the permittivity
(and admittance) plane both the real and the imaginary part are frequency
dependent, and describe a semicircle. At frequency ω = 1/τ , with the relaxation
time, τ = RC, the resistive and capacitive contribution to the impedance are
equal. However, circuit 6.1a can not describe a proper Debye relaxation, where
the permittivity above the relaxation process is finite, (see figure 6.21b), or in
other words, Debye relaxation should have a high frequency intersect with the
real permittivity axis of the complex plane plot that is larger than zero.
A circuit with resistance in parallel with a capacitor, shown in figure 6.1b,
has Z = ( 1R +jωC)
−1. This frequency dependence is represented by a semicircle
in the impedance complex plane and will appear as a vertical line for  and Y
(opposite to the circuit in figure 6.1a). Indeed the dielectric permittivity of
circuit b ( = 1C0 (C +
1
jωR )) has the same form as the impedance of circuit
a (Z = R + 1jωC ), with the resistance and capacitance interchanged (and a
prefactor). This means that for the circuit in figure 6.1b, there is a frequency
independent real permittivity while the imaginary permittivity decreases with
frequency. With increasing frequency, the circuit in figure 6.1b goes from a
resistive to a capacitive response and this describes the response of a dielectric
material at frequencies above the relaxation frequency. Therefore, in order
to describe the Debye dielectric relaxation over the full frequency range an
equivalent circuit that is a combination of both a resistor and capacitor in series
and parallel is needed. The Debye response is given by the circuits in figures 6.1c
and e, both describing the same frequency dependence (with different values
of the resistances and capacitances in the circuit). For a large ratio of the
permittivity before and after relaxation (r = s/hf), a full semicircle is visible,
while smaller values of r results in a rise of the imaginary dielectric permittivity
before the semicircle is fully resolved at the low frequency side of the complex
plane plot.
88 Dielectric response of CoCr2O4 thin films
6.3.2 Choice of Immittance function
Complex dielectric behaviour typically originates in a complex microstructure,
which is most of the times a realistic assumption. Electrode-sample interfaces
often behave as barriers, typically modeled in equivalent circuits as a resistor and
capacitor in parallel (although sometimes they are modeled as a single resistor
or a single capacitor) [208, 209]. For a dielectric material sandwiched between
two electrodes, a response of the electrodes-sample interface in series with the
dielectric is expected. The barrier layer, with a larger resistance than the bulk
material and also a larger capacitance than bulk due to its small thickness,
has a relaxation time (τ = RC) that is typically orders of magnitude larger
than bulk relaxation times. Therefore, the electrode-sample interface relaxes
at significantly lower frequencies than the sample [210]. Multiplication by ω
will emphasize the high frequency — or bulk — processes relative to electrode-
interface process and, therefore, bulk processes can better be studied in the Y
and M plane, rather than  and Z (see figure 6.1f) [211].
Grain boundaries have, depending of their orientation being perpendicular
or parallel with respect to the electrodes, responses in parallel or in series with
the bulk/grains, and therefore they are modelled by circuits 6.1f and 6.1g, re-
spectively. The visibility of bulk versus grain boundaries in the different planes
depends on the relative sizes of their capacitances and resistances, as can be
seen from the axis cut-offs in figures 6.1f and g. In the impedance and modulus
planes every element in series appears separate, that is, a semicircle appears for
every parallel RC in series with each other, and therefore the Z and M planes
are typically used for processes in series (circuits in figures 6.1d, e and f) in
samples with a barrier layer or in ceramics, where grain boundaries parallel the
electrodes are dominant [142, 208]. In the admittance and permittivity planes,
a semicircle appears for every series RC in parallel with each other, thus, the Y
and  planes are typically used for processes in parallel, for instance in samples
with more than one phase, each with a different conductivity (see circuit 6.1g)
or the Debye process described by circuit 6.1c [142, 212].
From the relation between Z and M, namely M = jωC0Z (the same applies
for Y and : Y = jωC0), after multiplication with j the capacitance can be
read out at the crossing with the real axis in M () while in Z (Y ) the real axis
is related to R. Therefore, values of resistive elements of an equivalent circuit
can be easily extracted from the Z and Y plane, while values of capacitances
can be easily extracted from the  and M plane (see figure 6.1).
It can be seen that transferring from Y to Z and from M to  the frequency
direction is reversed because of their inverse relations, Y = 1Z and M =
1
 (see
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the directions of the arrows in figures 6.1). But more importantly, a semicircle is
transferred into a vertical line and vice versa. This means that when there is a
peak in the imaginary part versus frequency of a function, there is a linear slope
at that frequency in the imaginary part of the inverse function and, therefore,
the relaxation times of the two functions, that are obtained from the frequency
at the semicircle maximum, differ substantially. Thus, caution should be taken
when determining the resistance or capacitance values from the relaxation times.
The four immittance functions have different relaxation frequencies and the
immittance function for which the relation τ = ω−1 = RC holds, differs by
circuit: For circuit 6.1a it holds in the Y and  plane, for 6.1b in the Z and
M plane, for 6.1c in the  plane, for 6.1d and e in the Z plane, for 6.1f in the
Z and M plane for both relaxation processes, as long as the relaxation times
and resistances differ by orders of magnitude and for 6.1g in the  and Y plane
for both relaxation processes, as long as the relaxation times and capacitances
differ by orders of magnitude.
To summarize: the M representation emphasizes smallest capacitance (which
is in an inhomogeneous sample typically the bulk), Z highlights the largest re-
sistance, while Y brings forward the smallest resistance (in an inhomogeneous
sample typically the bulk) and  the largest capacitance (typically a thin barrier
or double layer).
Sometimes it is difficult to extract information from an immittance function
due to the overlap of semicircles. Processes with comparable relaxation times
overlap in all planes, but even when the relaxation times differ orders of magni-
tude, overlap still occurs in some planes, and it can be minimized by choosing
the right immittance function. This can be easily seen from the crossings with
the real axis in 6.1f, which has capacitances that differ by a factor 3, and resis-
tances that differ by a factor 100. The M and Z plane both give a semicircle for
every capacitance and resistance in series. In the M plane the first semicircle
intersects the x-axis at a diameter of C0/C1, the second semicircle will intersect




and it is the ratio of the resistances, or τ ’s, that determines the split-up between
the two semicircles. In the Z plane, the resistance is on the real axis and there-
fore the radius of the separated semicircles is determined by the resistances.
Now it is the ratio in capacitances that determines the split up. Since in the
case plotted in figure 6.1f they have similar order of magnitude (C1 = 3C2), the
split up between the semicircles is poor and only the semicircle with the larger
resistance, typically coming from barrier layer, is visible. From this it is con-
cluded that the split-up between semicircles in the Z plane is achieved if the two
processes have sufficiently large differences in relaxation time and capacitance,
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Figure 6.2: Complex plane impedance in linear (a) and double logarithmic scale
(b), of a 45 nm CoCr2O4 film grown on 25 nm SrRuO3 buffered (111)-SrTiO3.
Inset in (a) shows the high frequency plateau.
while the resistors can be comparable. On the other hand, to observe two clearly
separated processes in the M plane the resistances should differ sufficiently and
the capacitors can be of the same size [213].
6.3.3 Frequency dependent immittance of (111)-CoCr2O4
films on (111)-SrTiO3
According to our earlier discussion, in the case of a thin film with electrodes,
processes in series are expected and, therefore, it is wise to start by plotting
the dielectric response of the sample in the complex impedance plane (see figure
6.2a). As mentioned in the previous section, if layers have large difference in
resistance the large semicircle of the high resistance process completely over-
shadows the bulk behavior in the Z complex plane plot. Due to the big differ-
ence in order of magnitude it can be useful to plot the Z impedance complex
plot on a logarithmic scale [214], as done in figure 6.2b. The logarithmic plot
shows a shoulder at high frequency, suggesting there is a second process in series
that is expected to be the response of the bulk material. The slope 12 in the
double logarithmic complex impedance plane is the signature of a semicircle in
the normal impedance plane [208]. Even though, a zoom-in of the linear scale
impedance plot (inset figure 6.2a) does not appear like a semicircle, from the
shoulder on the left side (high frequency) of the double logarithmic plot in fig-
ure 6.2b, slopes of 0.512 and 0.513 are found at 5 K and 80 K (brown line in
figure 6.2b) respectively. The lower frequency semicircle has slopes of 0.518 and
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Figure 6.3: M (a) and Y (b) complex plane plots of a 45 nm CoCr2O4 on 25
nm SrRuO3 buffered (111)-SrTiO3.
0.491 at 5 K (black line in figure 6.2b) and 80 K (brown line in figure 6.2b),
respectively. Extracting the main processes involved in dielectric relaxation is
difficult for the Z complex plane for two reasons: first of all the high frequency
process does not appear clearly and, second, the two processes differ by a few
orders of magnitude in Z. Both issues are overcome in the M plane (also suitable
for series processes, as explained in section 6.3.2), as shown in figure 6.3a. The
higher frequency relaxation process becomes as prominent as the low frequency
one, because converting from Z to M data is multiplied with frequency (see
formula 2.12). From these two perfect, non-overlapping semicircles in figure
6.3a, all elements of the circuit can be extracted. The frequency dependence
of the real and imaginary part of M is shown in figures 6.4a and b. The M’
displays a plateau with two upward steps, while M” (figure 6.4b) displays two
peaks centered in the inflection points of the M’ curves (as expected from the
Kramers-Kroning relations), displaying two distinct relaxation processes that
give rise to the two semicircles in figure 6.3a.
Thus our sample can be modelled as an equivalent circuit with two processes
in series. The simplest option (with the lowest number of elements) that gives
two semicircles in the M complex plane are two pairs of RC in parallel, in series










For processes in series, in both Z and M planes τ = 1/ω = RC holds for
the chosen circuit. Since no vertical tail appears at the low frequency part in
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Figure 6.4: Frequency dependence of M’ (a) and M” (b), of a 45 nm CoCr2O4
on 25 nm SrRuO3 buffered (111)-SrTiO3 in the M complex plane.
the Z plane, we can argue that there is no significant interface capacitance in
series with the two RC s. Every parallel RC describes then one layer in the
sample, typically one RC for bulk and the other for the interface barrier (high
resistance) layer.
From the crossing with the M ’ axis and the maximum in the M complex
plane plot at 5 K, the capacitance and relaxation time of the two processes are
determined. Then the resistors were calculated using 1/τx = RxCx. For the
high frequency process values of C2 = 2.66 × 10−12 F, R2 = 3.24 × 104 Ω and
τM2 = 8.60× 10−6 s are obtained. For the lower frequency: C1 = 6.14× 10−12
F, R1 = 3.25 × 108 Ω and τM1 = 1.99 × 10−3 s were found. With changing
temperature these values also change as shown in figure 6.5. Temperature-
dependence will be discussed in more detail in section 6.4.
The values of the capacitances C1 and C2 are comparable and it is therefore
reasonable to assume that the entities responsible for the two different relaxation
process have similar thickness [215], which means that they cannot be a bulk and
interface layer, as previously postulated. The chosen circuit (so-called Voight
circuit, see figure 6.6a) is thus not physical. However, it is easy to extract the
values of the elements of this equivalent circuit (while for other possible circuits
it is rather complex) and then convert the circuit, by use of those elements, to
a more physical one. There are two other possible circuits with 4 elements that
give identical frequency dependence as the Voight circuit (figure 6.6a). These
are the Ladder and Maxwell circuits (see figure 6.6b and c). The Ladder circuit
is typically used to model a two step electrochemical reaction or a system with
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Figure 6.5: Temperature dependence of the four elements of the equivalent
circuit in the 45 nm [111]-oriented CoCr2O4 film grown on 25 nm SrRuO3
buffered (111)-SrTiO3.
a coated electrode [216, 217], and it can be excluded as a plausible circuit for a
dielectric thin film with stable, well defined electrodes. The Maxwell circuit can
be seen as the typical Debye process (see figure 6.1c) for dielectric relaxation,
with an added resistor in parallel to model leakage, and therefore, it is the most
probable circuit that models the sample’s response. It can be shown that the







(R1 +R2)2(C1 + C2)
(6.3)
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Figure 6.6: 3 Equivalent circuit models with 2 relaxations. Voight (a), Ladder





Rp = R1 +R2 (6.5)
So, using the R1, C1, R2, C2 extracted previously, we find: Cs = 4.35× 10−12
F, Cp = 1.78 × 10−12 F, Rs = 6.60 × 104 Ω and Rp = 3.24 × 108 Ω at 5 K
for the elements in the Maxwell circuit. Again, these values of the elements
are changing with temperature as shown in figure 6.7. Rs, Cp and Cs change
by a few percent with temperature. Transitions are visible in Cp — at 48 K a
clear discontinuity is observed — and in addition there are some slope changes
at lower temperatures. Rp, equivalent for the leakage current, changes by one
order of magnitude in the measured range. Temperature dependence will be
discussed in more detail in section 6.4. The above capacitances in a film of
45 nm thickness and electrode size of 50 × 50 µm2, correspond to a dielectric
permittivity of 12.49 before relaxation and 3.77 after relaxation, consistent with
a dielectric of the same dimensions as the sample, and thus they can be assigned
to a bulk process through the film [215, 218]. A resistance of Rp = 3.24 × 108
Ω at 5 K for a 45 nm thick film means a resistivity of 1.8× 107 Ω m.
The usual way to plot Debye relaxation is in the permittivity plane. The
extracted values are plotted together with the sample response in the  plane
in figure 6.8. There is a good fit to the data over the full frequency range.
We clearly observe the semicircle that represents the Debye relaxation and a
vertical line on the right (or low frequency side) that is a result of leakage.
From the good fit to the data, the symmetric peak and a slope close to unity
in the M plane (figure 6.4), it is concluded that the sample has nearly perfect
textbook-like Debye behavior without signatures of disorder, and that Cole-Cole
or Cole-Davison equation are not necessary to fit the data [142]. Converting the
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Figure 6.7: Temperature dependence of the four elements of the Maxwell circuit
in the [111]- oriented CoCr2O4 film.
impedance of the Maxwell circuit to the permittivity plane and splitting  into
a real and imaginary part, gives [219]:



















τ × C0Rp (6.9)
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Figure 6.8: Complex permittivity plane plot of the response at 5 K. Symbols are
the experimental data, while the black line gives the response of the equivalent
circuit with the parameters extracted from the data analysis. Inset shows a
zoom-in to the semicircle area, together with the used equivalent circuit.





This allows us to state that the sample displays just one leaky Debye process,
which corresponds to a relaxation time τ = 2.93 × 10−7 s, with an angular
relaxation frequency of ω = 3.41× 106 s−1, or a frequency of f = 5.43× 105 Hz.
At 5 K the sample has a static (below the relaxation) and high frequency (above
the relaxation) dielectric constant of s = 12.49 and hf = 3.77, respectively.
In hindsight, this ratio s/hf explains why the high frequency process does
not appear as a semicircle in the impedance complex plane of figure 6.2: the
ratio s/hf of the Debye relaxation is below 9, and such a process never gives a
semicircle in the Z plane [220]. In addition, conduction and relaxation processes
can be distinguished by the ratio s/hf. The low ratio s/hf found for the sample
means that the observed relaxation at 3.41×106 s−1 is from a local process, such
as dipole relaxation or polaron hopping, rather than a long-range process, such
as long-range ion conductivity or diffusion. The temperature dependence of the
Debye relaxation time is discussed in section 6.4. In this low temperature regime
the relaxation time increases about 3% with increasing temperature. One can
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Figure 6.9: (a) Imaginary spectrum plane plot of the 4 immittance functions,
with their maximum values normalized to 1. Imaginary spectrum plane plot of
low frequency relaxation process of the impedance and the modulus, with the
maximum in the relaxation process rescaled to 1 (b) at 5 K for a 45 nm film on
(111)-SrTiO3.
then say that the Debye relaxation is temperature independent, which seems
to indicate that it is not due to standard polaron hopping. See section 6.4 and
section 6.7 for a discussion about these results.
Every dielectric relaxation process has a peak in both ” and M” (thus a
semicircle in the complex plane plot) [221], with the peak in M” at higher
frequency than the peak in ′′ [207], in agreement with the observations for the
high frequency relaxation in figure 6.9a. Conduction processes have identical
response in the M plane as relaxation processes, with a rise in M’ and a peak in
M” [211]; however, no peak is expected in ” for long range conduction, it will
behave as ω−1, i.e. a straight line with negative slope when plotted on a double
logarithmic scale [208], in agreement with the response in figure 6.9a below a
frequency of 104 s−1.
Another characteristic of long range conductivity is the identical relaxation
frequency in the impedance and modulus plane, as can be seen from the perfect
overlap of the imaginary parts of the modulus and permittivity (both normal-
ized to 1), in figure 6.9b. Low frequency conductivity is often observed in
ceramic thin films and is assigned to ionic conductivity. The ε’ in figure 6.10
at 5 K is frequency independent at frequencies below the relaxation indicat-
ing that the Debye response is not affected by the onset of conductivity. At
80 K an increase in the real dielectric permittivity with decreasing frequency
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Figure 6.10: Real (a) and imaginary (b) permittivity of the 45 nm CoCr2O4
film on 25 nm SrRuO3 buffered (111)-SrTiO3 between 5 and 80 K.
is observed. This typically is the effect of interfacial polarization that occurs
due to charges accumulating at interfaces, so-called space charge [219]. In our
thin film, where no grain boundaries are present (the films are shown to contain
anti-phase boundaries but they are mainly perpendicular to the electrodes and
they would therefore not contribute to a series process), it is most likely that
the charge built-up at the interface between the electrode and crystalline film is
due to the difference in resistance between those two. This charge accumulation
occurring at low frequencies is not taken into account by the Maxwell circuit of
figure 6.6c.
ε’ of the Maxwell relaxation circuit (equation 6.6) is identical to ε’ of the
Debye relaxation (equation 2.14). Also the first term of ε” of the Maxwell re-
laxation (equation 6.7) is identical to the Debye relaxation (equation 2.15). The




the zero frequency conductivity, or leakage current that circumvents the Debye
process at low frequency by passing through Rp. The apparent increase of con-
ductivity with frequency in figure 6.11 is due to the mixing of dielectric response
with the conductivity that cannot be separated by the impedance bridge (like
conductivity is also visible in the dielectric response), so the apparent increase of
conductivity with frequency is fully the result of the dielectric contribution [208].
Such a conductivity process gives a large increase with decreasing frequency in
the ε”, while the ε’ is identical to the Debye relaxation process and therefore
frequency independent in this frequency regime. DC conductance, σdc, was
determined by extrapolating the conductivity low frequency plateau to zero fre-
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Figure 6.11: Frequency dependence of the conductance of 45 nm CoCr2O4 on
25 nm SrRuO3 buffered (111)-SrTiO3 between 5 and 80 K. b) Arrhenius plot
of the DC conductivity, extracted by linear extrapolation of the low frequency
regime.
quency for all temperatures. σdc was plotted Arrhenius-like (see figure 6.11b).
There is no clear linear slope, and therefore no thermally activated process is
present in this temperature range. Assuming linearity between 50 K and 80 K
(red line in figure 6.11b), an energy of 6.3 meV is extracted. Data at higher
temperatures would be needed to establish if the above Ea value is meaningful.
To conclude this section, the (111)-oriented films grown on SrTiO3 sub-
strates display close-to-perfect Debye relaxation behavior, which is rarely re-
ported. This is due to the unprecedented crystal quality of these films, as was
also shown in the XRD and TEM studies (see Chapter 7). This behavior allows
us to extract the relaxation parameters with great accuracy. For the 45 nm film,
the relaxation time is 2.93×10−7 s and the resistivity is 1.8×107 Ω m at 5 K, in
disagreement with the insulating character of CoCr2O4, and thus leakage cur-
rents are present. The static and high frequency (in the MHz regime) dielectric
permittivities are 12.49 and 3.77, respectively. The relaxation time corresponds
to a local process (rather than ion migration or diffusion) and is independent of
temperature from 5 to 80 K. Thus, it is not due to the dipoles responsible for
the ferroelectric behavior below 27 K, or to ferroelectric domain wall motion.
Polaron hopping (normal or by tunneling) does not fit with the temperature
independence of the relaxation time [222]. Another possibility is that the re-
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laxation is due to magnetic resonance (which displays similar relaxation times).
However, no discontinuity is observed in the temperature dependence around
the ferrimagnetic transition temperature and the relaxation does not disappear
above this temperature (see figures A.1 and A.2 on pages 143 and 144 in the
appendix). Debye relaxation in the MHz to GHz range has been reported as
due to acoustic waves generated by grain boundaries or domain walls in ferro-
electric ceramics (for grains and domains with sizes ranging from a few tens of
nanometers to a few microns) [223]. In our samples grain boundaries are not
present and ferroelastic domain walls are not expected due to the cubic bulk
crystal structure of CoCr2O4. Our samples show anti-phase boundaries with a
separation of about 12 nm. This would produce acoustic relaxation in the GHz
regime. The frequency at which the relaxation takes place would correspond to
a domain size of the order of 0.1-1 mm. This is in the range of the ferroelastic
domain size in SrTiO3. The response of SrTiO3 is discussed in section 6.6. For
a discussion on how to interpret those results and how the SrTiO3 substrate
can influence the relaxation process in the CoCr2O4 thin film that is electrically
shielded from SrTiO3 by a SrRuO3 bottom electrode, we refer to section 6.7.
6.3.4 Frequency dependent immittance of (001)-CoCr2O4
films on (001)-SrTiO3
The frequency dependent response of a (001)-CoCr2O4 film, measured between
5 and 340 K, is very different from the response in the (111)-CoCr2O4 film (see
figure 6.12). Instead of a step downwards, we observe a gradual decrease in the
real permittivity with frequency over almost the whole frequency range. The
increase in ’ observed at high frequencies, is most probably due to an artefact
in the measurement. The complex plane plots constructed from the data of
figure 6.12a and b are shown in figure 6.13. Two semicircles of two relaxation
processes are visible. The two semicircles have radius that differ by a factor
∼2.5, and thus, the capacitances in the equivalent circuit differ by the same
ratio (see figure 6.1f). Both processes have similar capacitances, and therefore
the M plane shows the two same processes, see figure 6.14.
The semicircles in both the M and  complex plane plots partially overlap and
are heavily suppressed indicating a relaxation time distribution due to disorder.
Indeed, in chapters 4 and 7 it is shown that the structural quality of the [001]-
oriented samples on SrTiO3 is less than that of the [111]-oriented samples (see
figures 4.3c and 7.2a on pages 49 and 123, respectively). At every temperature
two semicircles were fitted through the data and added to the plots. In figure
6.13 it can be seen that the centers of the fitted semicircles lay under the real
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Figure 6.12: Frequency dependence of 37 nm CoCr2O4 on 120 nm SrRuO3
buffered (001)-SrTiO3 between 5 and 340 K
(horizontal) axis, with an angle θ (see figure 2.12 on page 29) of 10◦ at 5 K and
31◦ at 100 K. This large offset means that the sample behaves as a resistor and
a so-called constant phase element (CPE) in series, instead of an RC. CPE’s
emulate inhomogeneity in the sample [142].
In the complex impedance plane (figure 6.15a), with identical scale on the
real and imaginary axis, a response almost parallel to the vertical axis is ob-
served, very different from the semicircle observed in the (111)-oriented sample.
On a logarithmic scale (figure 6.15b) the Z plot stays more or less a straight
line with a slope of 1.04 and an intercept with the imaginary axis of 1.37.
Both the real and imaginary impedance versus frequency are linear on a double
logarithmic scale (figure 6.16a), although the real impedance has some vague
oscillations. The slopes of the real and imaginary part are similar. The above
described permittivity and impedance responses are typical of so-called ”univer-
sal power law” behavior that has been put forward by Jonscher to explain the
dielectric behavior of solids that do not follow Debye relaxations response [224].
A ”universal capacitor” (UC) is a capacitor with a broad range of relaxation
times, rather than a distinct relaxation time, due to inhomogeneity in the sam-
ple. This results in a vertical line in the impedance complex plane and a linear
frequency dependence of both the real and imaginary impedance, both with
identical slope, and therefore a constant ratio between the imaginary and real
permittivity. This also means that a universal capacitor has a slope equal to
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Figure 6.13: Complex plane plot of a 37 nm thick (001)-oriented CoCr2O4 film
on 120 nm SrRuO3 buffered (001)-SrTiO3 at several temperatures
Figure 6.14: Modulus complex plane plot of a 37 nm thick (001)-oriented
CoCr2O4 film on 120 nm buffered (001)-SrTiO3 at several temperatures
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Figure 6.15: Impedance complex plane plots of 37 nm CoCr2O4 on 120 nm
SrRuO3 buffered (001)-SrTiO3 at 5 K. Figures have linear (a) and double log-
arithmic scale (b). The red line in (b) is a linear fit to the data.
Figure 6.16: Frequency dependence of the real and imaginary impedance (a),
and the frequency dependence of the ratio of the real and imaginary impedance
(b), at 5 K of a 37 nm CoCr2O4 film on 120 nm SrRuO3 buffered (001)-SrTiO3.
104 Dielectric response of CoCr2O4 thin films
Figure 6.17: Frequency dependence of the Real and imaginary permittivity at
5 K of a 37 nm thick CoCr2O4 film on 120 nm SrRuO3 buffered (001)-SrTiO3.
unity in the double logarithmic complex impedance plane, in good agreement
with the value of 1.04 for the sample response. If, as in our case, the real part of
the impedance is smaller than the imaginary part, it is called a low-loss univer-
sal capacitance [208]. The ratio ′/′′ slightly oscillates with values between 20
and 60 (figure 6.16b), suggesting that the sample does not behave as a universal
capacitor over the full frequency range.
This deviation from UC is also evident from the permittivity data. For a UC
the real and imaginary permittivity should have linear slope versus frequency.
However, in this sample the real and imaginary permittivity are not linear with
frequency, but have at least two broad relaxation peaks (see figure 6.17b) and
therefore it is concluded that the sample does not have one, but at least two
broad distributions of relaxation times. The increase in ’ observed at high
frequencies, is most probably due to an artefact in the measurement.
To get more clarity on the sample’s behavior, the two semicircles in the
permittivity can be simulated with a circuit as shown in figure 6.1g [212],
typical for a sample that is not single phase, but adding a C3 capacitance in
parallel to represent the high frequency  and a parallel R to represent leakage.
A possible circuit to model the response is drawn in the inset of figure 6.13.
From the maxima in the dielectric loss, relaxation times of τ of 1.60 × 10−6 s
and 1.10 × 10−4 s at 5 K, respectively, are extracted. These results as well as
the temperate dependence (see figure 6.18) of the relaxation are discussed in
section 6.7.
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Figure 6.18: Temperature dependence of the relaxation times of the two pro-
cesses observed in a 37 nm thick CoCr2O4 film on 120 nm SrRuO3 buffered
(001)-SrTiO3.
As mentioned, at the low frequency side there is an onset to a third semicircle
or a leakage process. The conductivity of the sample is shown in 6.19a. An
universal capacitor has a frequency dependent conductivity that can be written
as:
σ(ω) = aωn + σ0 (6.11)
Which is a straight line in a double logarithmic plot, in agreement with
figure 6.19a above 6× 104 s−1. In this frequency regime the value of exponent
n is 0.75 at T= 300 K, and increases towards 1 at lower temperatures when the
additional superimposed relaxation processes become evident. At 5 K we find
a slope of n = 1.00, exactly as expected for a universal capacitor. Similar as for
the (111)-oriented film, the DC conductivity was determined from the frequency
dependent conductivity in figure 6.19a, and plotted Arrhenius like (see figure
6.19b). Two linear slopes are observed. From the slope at higher temperature,
where the DC conductivity is well-defined, an activation energy of 0.27 eV is
determined (see section 6.7). The slope at the lower temperatures is expected
to have a value of (1− n)Ea [225, 226] from which we determine a n-exponent
of 0.83 (see formula 6.11).
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Figure 6.19: Conductance of 37 nm CoCr2O4 on 120 nm SrRuO3 buffered (001)-
SrTiO3 between 5 and 340 K (a). Arrhenius plot of the DC conductivity (b),
extracted by linear extrapolation of the low frequency regime in (a).
6.4 Temperature dependent impedance of
CoCr2O4 thin films on SrTiO3
Temperature dependent dielectric measurements were performed on a 45 nm
thick (111)-oriented CoCr2O4 film on SrRuO3-buffered (111)-SrTiO3, the same
sample as discussed in section 6.3.3. The sample was measured at temperatures
between 5 and 80 K, with 0.3 K steps. The real and imaginary parts of  as
function of frequency in the mentioned range of temperatures are shown in fig-
ure 6.20a and b, respectively. The relaxation process at around 500 kHz, that is
discussed in section 6.3.3, is visible. As already mentioned, this relaxation pro-
cess is hardly temperature dependent. Both the real and imaginary part of the
dielectric permittivity at low frequency, do show some temperature dependence.
From the data in figure 6.20, the permittivity complex plane plots at all
temperatures are drawn. The results are shown for 6 different temperatures
in figure 6.21 (figure A.1 on page 143 in the appendix shows set of data of
the same device). On the right (low frequency) side, the conduction tail is
observed. The relaxation process is visible as a semicircle on the left side of the
plot. The complex plane plots ′′(′) were fitted for every temperature with a
circle function, with as fitting parameters the semicircle center (a, b), and the
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Figure 6.20: Frequency dependence of the real (a) and imaginary part (b) of
the dielectric permittivity of a 45 nm CoCr2O4 on 25 nm SrRuO3 buffered
(111)-SrTiO3 substrate between 5 and 80 K
Figure 6.21: Complex plane plot of 45 nm CoCr2O4 on 25 nm buffered (111)-
SrTiO3 at several temperatures
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Figure 6.22: Relaxation time of a 45 nm CoCr2O4 on 25 nm SrRuO3 buffered
(111)-SrTiO3 over the whole temperature range.
semicircle radius (r):
0 = (′′ − a)2 + (′ − b)2 − r2 (6.12)
The semicircles in figure 6.21 are the fits to the data. The fitted lines are in
perfect agreement with the data points. The vertical displacement is small,
with an angle θ (see figure 6.21) that increases from values close to 0◦ at 5 K
to 1.8◦ at 80 K. As explained in section 2.6.1, the small displacement indicates
that the sample has an excellent quality with a well-defined relaxation time
(very close to a perfect Debye relaxation) and, in terms of equivalent circuits,
the capacitive elements behave as capacitors rather than CPE’s [142]. By the
analysis in section 6.3.3 we can also extract the Debye relaxation time as a
function of temperature (see figure 6.22). In this low temperature regime the
relaxation time increases about 3% with increasing temperature.
From the fits in figure 6.21 we can extract the static and high frequency
dielectric permittivities as a function of temperature. It is observed that the
intercept of the left side of the semicircles with the real axis (the high frequency
dielectric permittivity), hardly changes with temperature, while the intercept of
the semicircle with the real axis on the right side, (static dielectric permittivity)
does depend more strongly on temperature. This was also observed in the
temperature dependence of Cs and Cp in figure 6.7. Discontinuities are visible
both in the static permittivity and the high frequency permittivity (in figure
6.23a and b, respectively), of which the most pronounced is at 48 K. (The
reproducibility of these anomalies were tested, see figure A.2 on page 144 in
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Figure 6.23: Temperature dependence of (a) static dielectric permittivity, (b)
high frequency dielectric permittivity, (c) derivative of the static dielectric per-
mittivity and (d) derivative of high frequency dielectric permittivity of a 45 nm
(111)-oriented CoCr2O4 film on 25 nm SrRuO3 buffered (111)-SrTiO3.
the appendix). In addition, there are a few slope changes, but there is no
peak, that can be assigned to a ferroelectric phase transition or a M2 deviation
from the background, as expected from the magnetoelectric coupling. Since
the background is smallest for the high frequency dielectric permittivity, the
changes in derivative are best visible in figure 6.23d. There are peaks in the
derivative around 10, 25 and 32 K, and a minimum at 48 K.
Temperature dependence of the dielectric response, at 2 MHz (see figure
6.24) in a 180 nm film on a similar substrate (24 nm SrRuO3 buffered (111)-
SrTiO3) was also measured. The background due to lattice contributions (red
line in figure 6.24a) was fitted by equation 2.16, following Fox et al. [145]. After
background removal (figure 6.24b) three anomalies are observed, at 15, 27 and 43
K, close to those observed in the thinner sample. The former two temperatures
110 Dielectric response of CoCr2O4 thin films
Figure 6.24: Temperature dependence of the dielectric permittivity of a 180
nm CoCr2O4 on 24 nm SrRuO3 buffered (111)-SrTiO3 at 2 MHz, temperature
dependence is fitted by formula 2.16 (a). The difference between the data and
fit in (a), is plotted in (b). The inserts show the derivatives.
Figure 6.25: (a) Temperature dependence of a 37 nm thick film of (001)-oriented
CoCr2O4 on 120 nm SrRuO3-buffered (001)-SrTiO3, measured at 100 kHz. (b)
∆′ After subtraction of a linear background below 43 K (red line in a).
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are the reported temperatures of the spin-spiral and lock-in temperature in bulk
CoCr2O4, respectively, while 43 K is a bit lower than the transition typically
assigned to the short-range spin-spiral ordering or magnetostriction [168, 227].
Deviation from the thermal background above the transition temperature caused
by short-range magnetic ordering is observed in more systems like in MnF2 [228].
Temperature dependent permittivity of a 37 nm thick (001)-CoCr2O4 film
on buffered (001)-SrTiO3 at 100 kHz is plotted in figure 6.25 (the measurement
was performed in triplicate by use of different electrodes with similar size, for the
other two measurements see figures B.1 and B.2 on page 145 in the appendix).
As in the (111)-oriented samples, there is a clear transition at 43 K, that might
be the result of short range spiral ordering [168]. A linear background below 43
K is extracted. The spin-spiral transition is clearly observed at 26 K.
6.5 Temperature dependent impedance of
CoCr2O4 thin films on MgO and MgAl2O4
The strained CoCr2O4 samples on MgO and MgAl2O4 were grown without
bottom electrode. Therefore, they were measured with interdigitated electrodes
on top of the surface. In this case the in-plane component of the dielectric
permittivity was measured. The dielectric constant can be calculated from the













where J0 is the first kind zero-order Bessel function, s is the width of the gap
and w the width of the electrode, l the length of the used electrodes and N
the number of fingers. Electrodes used in this section have s = 10 × 10−6 m,
w = 10× 10−6 m, l = 700× 10−6 m and N = 60.
The sample on MgAl2O4 (under compressive strain) should have the elec-
tric polarization in the surface plane of the sample (along the [110] direction),
due to the strain-induced magnetic anisotropy (see chapter 5). The dielectric
permittivity was measured along the surface diagonal, that is in the direction
of the electrical polarization. The result is shown in figure 6.26. Fox formula
does not give a good fit to the data. The background looks linear, and after
extracting a linear background, two anomalies in the temperature dependence
are observed, at 21 K and at 14 K.
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Figure 6.26: (a) Temperature dependence of the dielectric permittivity of a 45
nm film of CoCr2O4 on MgAl2O4, measured at 2MHz. With in the insert the
difference between the data and the linear background. (b) Derivative of (a)
On MgO (CoCr2O4 under tensile strain) the polarization is expected to
be along [101] direction (see chapter 5), out of the plane under a 45◦ angle
with the surface. On this substrate, when measuring the in-plane dielectric re-
sponse, no clear slope change is observed (see figure 6.27). When subtracting
the background using equation 2.16, a small deviation from the background
line is visible below 60 K (figure 6.27b). ∆ is completely linear with temper-
ature, with a transition temperature of around 45 K, close to the transition
temperature observed in the film on [111]-SrTiO3. This transition might be
due to the short-range magnetic spin-spiral ordering of the multiferroic state
or due to magnetostriction, both reported at slightly higher temperatures in
bulk [168, 227].
6.6 Dielectric response of the SrTiO3 substrate
Even though the substrates have been electrically isolated by a SrRuO3 elec-
trode, the electrodes are still in the tens of nanometer regime and they are
epitaxially grown on to the substrates. Thus, it is possible that the formation
of twin walls in the substrate is affecting the response of the (111)-SrTiO3 film,
or that the CoCr2O4 is not properly shielded from the SrTiO3 by the SrRuO3
bottom electrode giving rise to the observed in the CoCr2O4 layer [230–232].
Before looking in to this scenario we first discuss the dielectric response of a
SrTiO3 substrate.
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Figure 6.27: (a) Temperature dependence of the dielectric permittivity of a 45
nm CoCr2O4 film grown on (001)-MgO, measured at 100 kHz. Temperature
dependence is fitted by formula 2.16. The difference between data and fit is
given in (b).
SrTiO3 is a quantum paraelectric perovskite, i.e. the material is approaching
the ferroelectric phase at low temperature, but it will never become ferroelectric.
Nearing the ferroelectric phase gives SrTiO3 a large dielectric permittivity at
low temperatures, that may influence the measurements of the films grown on
top.
The dielectric permittivity of a (111)-SrTiO3 substrate was measured in
parallel plate geometry, both as function of frequency and temperature. The
frequency dependent real permittivity in figure 6.28 of the SrTiO3 substrate
has an anomaly that resembles a resonance. The angular frequency at which
the anomaly takes place is about 1.1× 107s−1 at low temperatures and goes up
with the sample temperature, disappearing from the measurement window for
temperatures above 15 K. The imaginary part, in figure 6.28b, does not behave
as expected for an actual resonant effect (it is not Kramers-Kroning related with
the real part) so this behavior is assigned to an artefact of the electrical circuit
at the high frequency limit of the instrument.
For frequencies between 20 Hz and 500 kHz, the dielectric response is hardly
frequency dependent and is not affected by the above mentioned (most likely
spurious) behavior. In this range, the dielectric permittivity has a strong tem-
perature dependence (see figure 6.29a), increasing from 314-316 at 250 K to 4-4.5
× 103 with decreasing temperatures, consistent with the quantum paraelectric
character of SrTiO3, for which the maximum of the permittivity is expected
at 4 K [233]. For a quantum paraelectric, 1/′ is expected to display a T 2
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Figure 6.28: Dielectric response of a (111)-SrTiO3 substrate as function of fre-
quency at various temperatures between 5 and 55 K. (a) real part of the dielectric
permittivity, ’ (b) imaginary part of the dielectric permittivity, ”.
dependence [233], in agreement with the data (see figure 6.29b).
The dielectric measurements presented in the previous sections, are per-
formed by growing a SrRuO3 bottom electrode on the SrTiO3 substrates, fol-
lowed by the CoCr2O4 films and a top electrode. For CoCr2O4 films grown
on a 15 nm thick (001)-SrRuO3 electrode (see figure 6.30), a decrease in the
dielectric constant with increasing temperature is observed at high frequencies.
Most materials show an increase of the dielectric constant with temperature
due to the lattice expansion effects. The decrease of the film dielectric constant
with temperature vanishes for films grown on top of bottom electrodes thicker
than 25 nm. For the (111)-oriented samples, electrodes thicker than 25 nm do
not present atomic flat interfaces, so thicker electrodes were not tested in this
orientation. Therefore, it is suggested the effect observed in 6.30 is due to para-
electric behaviour of the SrTiO3 substrate and thus, electrodes of 15 nm thick
SrRuO3 do not shield the substrate completely. It is, therefore important to use
thicker SrRuO3 electrodes on SrTiO3 for dielectric measurements.
6.7 Discussion of previous results and conclu-
sions
As discussed above, dipoles responsible for ferroelectricity or ferroelectric do-
main wall motion below 27 K, normal polaron hopping, polaron hopping via
tunneling, water molecules on the surface and magnetic domain wall resonance
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Figure 6.29: (a) Real dielectric response, ’, of (111)-SrTiO3 substrate as func-
tion of temperature at several frequencies (a), with in the inset ”. (b) The re-
ciprocal real dielectric permittivity (1/’) versus T 2 of (111)-SrTiO3 substrate,
between 5 K and 75 K, at various frequencies.
can be excluded as mechanisms for the 500 kHz Debye relaxation for differ-
ent reasons. This value is not far from the resonance frequency of 40 and 85
kHz reported in SrTiO3 due to twin walls [230, 231]. The resonance frequency
of SrTiO3 is reported to increase due to elastic softening by 10 % at the fer-
roelastic transition (105 K) as observed in resonant ultrasound spectroscopy
measurements [230, 231]. Since we do not observe a sudden change in the re-
laxation frequency around 105 K in our films (see figure A.3 on page 144 in the
appendix), we can exclude the influence of ferroelastic substrate twin walls as
possible mechanism. This also proves that electrodes of 25 nm are thick enough
(while electrodes of 15 nm are clearly not) to fully shield the film from the sub-
strate. Another possibility would be that the anti-phase boundaries present in
the film (see chapter 8) generate the acoustic waves responsible for this reso-
nance. However, the APB are separated by 10 to 20 nm, which will imply a
relaxation frequency in the GHz regime. The origin of the relaxation process
stays unclear to us at this time.
The (001)-oriented samples grown on SrTiO3 substrates show very differ-
ent behavior. We observe two relaxation processes and frequency dependent
behavior clearly deviating from Debye relaxation and close to that of so-called
universal capacitors. This means that these samples with lower crystalline qual-
ity display a distribution of relaxation times, as most often observed in actual
samples [224]. The fitting of semicircles to data of samples with inhomogeneity,
gives unreliable values of the elements of the equivalent circuit. A tool that can
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Figure 6.30: Real dielectric permittivity of a 45 nm CoCr2O4 film on 15 nm of
SrRuO3 buffered (001)-SrTiO3 substrate as function of temperature at 500 kHz
and 2MHz.
fit the whole frequency dependent regime with CPE’s is necessary for reliable
numbers. The relaxation times of these two processes determined by semicircle
fitting are found to be 1.33×10−6 s and 1.22×10−4 s. The first one may have a
similar origin as that discussed for the (111)-oriented sample but slowed down
due to disorder. The origin of the second relaxation time of 10−4 s, which was
not detected in the (111)-sample, is in the regime typical of domain walls or
space charge relaxation [223]. The relaxation time for this process has a peak
at 115 K. The fits to the M plane semicircles (see figure B.3 on page 146 in
the Appendix) are not very good, and therefore a relatively large error in the
determined relaxation times for this relaxation can be expected. It is difficult
to judge if this peak has a physical meaning or is a measurement error.
The temperature dependent conductivity measured in the (001)-oriented
sample at low frequencies may be consistent with the increase in mobility with
increasing temperature expected from (temperature-assisted) small polaron hop-
ping. This increase becomes Arrhenius-like when the temperature is raised
above the characteristic phonon temperature. For the [001]- oriented sample,
an activation energy of 0.27 eV is obtained. Similar energies are reported for
electron hopping in Cr-doped GaFeO3 between ions of the same element with
different oxidation states [234], and electron hopping between Cr4+ and neigh-
bouring Cr3+ centers in CuCrO2 [235]. In several ortochromites activation ener-
gies around 0.3 eV are assigned to hole hopping between Cr4+ and neighbouring
Cr3+ ions [236] while hole hopping with similar activation energies is reported
between Cr6+ an neighbouring Cr3+ ions in Gd doped LaCrO3 [237]. The tem-
perature regimes in which we could extract an Arrhenius behavior varies in both
6.7 Discussion of previous results and conclusions 117
types of samples. It is most likely that for the (111)-oriented sample the inves-
tigated regime (5 K< T <80 K) is below the phonon temperature and thus no
clear activation is observed.
Interpretation of the temperature dependence of the dielectric permittivity
in this material is particularly challenging. The very broad peak that Yamasaki
et al. reported [73] for the dielectric constant at the ferroelectric/spin-spiral
transition of CoCr2O4 single crystal does not reflect the expected sharp peak of
the ferroelectric phase or the P 2M2 magnetoelectric coupling term in the energy
potential and could be the result of incorrect background subtraction. Difficulty
comes from the magnetostriction or short range spin ordering present at about
50 K, which needs to be taken into account, next to a suitable lattice contribu-
tion. It is thus unclear to us if the 43-48 K transition visible in permittivity of
the films on (111)-SrTiO3 and others (also observed by SQUID magnetometry
at identical temperatures under high fields, see figure 4.3 in chapter 4) is the re-
sult of the magnetostriction, short range spin ordering transition or a magnetic
transition of oxygen, often present in SQUID measurements.
The coupling of spins to an external electric field resulting in anomalies in
the dielectric constant at the transition to the spiral state may be, and usu-
ally is, unrelated to the magnetoelectric coupling. Therefore, the anomalies
in the dielectric constant do not provide direct evidence for multiferroicity of
thin films of CoCr2O4. The transitions observed at 26 K in the (111)-oriented
relaxed films (45 nm thick and 180 nm thick), are at identical temperature as
the ferroelectric phase transition reported for bulk CoCr2O4 samples and thus
these films are probably ferroelectric below 26 K. The (001)-oriented samples,
also show clear anomalies at the various transition temperatures. The sample
under compressive strain (on MgAl2O4), with eventual polarization fully con-
tained in the plane of the sample, shows anomalies at 21 K and 14 K. The
former temperature could correspond to a decrease of about 6 K of the ferro-
electric transition under strain, the later to the lock-in transition. On the other
hand, the sample on MgO, under tensile strain and with eventual polarization
at 45◦ with respect to the film plane, shows a deviation from the background at
45 K, which could correspond to magnetostriction or the onset of the spin-spiral
ordering [168, 227] or due to spin fluctuations [238].
Nevertheless, as described in chapter 8, XMCD experiments on a 70 nm-
thick sample grown on a (110)-MgO substrate (under tensile strain) show a
magnetic superstructure with a bulk-like q vector of (0.64,0.64,0), identical to
the multiferroic phase in CoCr2O4 and give an additional evidence that there
is indeed a phase transition in our CoCr2O4 films around 30-35 K.





Although the concept is by no means new [13, 239], in the past ten years mag-
netoelectric coupling — that is the effect of a magnetic field on the electric
polarization or of an electric field on the (anti-)ferromagnetic ordering in a ma-
terial — was discovered in several magnetically-induced ferroelectrics. These
materials, with both ferroelectric and magnetic ordering, belong to the class of
the multiferroic materials [10, 12–16]. Multiferroics with a strong magnetoelec-
tric coupling are very interesting for a broad range of new device applications,
such as low energy consuming memories [8, 70].
The strong magnetoelectric coupling of spin spiral multiferroics finds its ori-
gin in the breaking of the space inversion symmetry by the magnetic ordering
due to the Dzyaloshinskii-Moriya interaction [47, 48]. Since the ferroelectricity
is induced by the magnetic ordering, ferroelectric and magnetic domain walls
are typically clamped, resulting in the magnetic control of the electric polariza-
tion or electric control of magnetization [73–77, 240]. However, magnetoelec-
tric multiferroic materials typically have antiferromagnetic order, without a net
magnetic component, making them unsuitable for magnetoelectric memories.
Bulk CoCr2O4 is a conical spin spiral multiferroic at low temperatures with
magnetoelectric coupling, ferroelectricity and a net magnetization [73]. The spin
spiral is the result of frustration in the pyrochlore lattice of the spinel struc-
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ture. CoCr2O4 shows different magnetic phases depending on the temperature:
CoCr2O4 is ferrimagnetic below 93 K, while below 26 K it undergoes a magnetic
transition to a magnetic transverse conical spiral structure [89–92, 94, 186], with
the rotating spin part lying in the (001) plane and the spontaneous magnetiza-
tion along the [001] direction, inducing an electrical polarization in the [−110]
direction. One of the open questions regarding the magnetic phase diagram
of CoCr2O4 is whether the lock-in transition at around 15 K observed, is an
intrinsic or extrinsic effect. In some studies the spin spiral periodicity becomes
commensurate to the lattice [91, 92, 108, 111, 112], while in other studies such a
transition was not observed [94, 186]. It was proposed by Dwight et al. that the
appearance of the lock-in transition is an extrinsic effect caused by impurities
[94].
So far thin films of (001)-CoCr2O4 were grown as buffer layers for ferrite
film growth [148, 241] or as tunnel barrier in epitaxial oxide trilayer junctions
[187]. Morphology, structural and magnetic properties of (001)-CoCr2O4 films
were also investigated by Lu¨ders et al. [150, 152]. A recent study on (111)-
CoCr2O4 films grown on Al2O3 substrates reports on their magnetic and struc-
tural properties [153]. The presence of the conical spin spiral phase in thin films
of CoCr2O4 has not been reported yet and no ferroelectricity, magnetoelectric
coupling and dielectric properties have been reported for CoCr2O4 thin films
so far. For such measurements bottom electrodes are necessary. High qual-
ity SrRuO3 bottom electrodes can be grown both on (001)- and (111)-SrTiO3.
CoCr2O4 films on (111)-SrRuO3/(111)-SrTiO3 have high crystallinity, while the
crystal quality on (001)-SrRuO3/(001)-SrTiO3 is poor. Therefore we will look
into the (111)-CoCr2O4 samples in more detail in this chapter.
The synthesis of multiferroic thin films with bulk-like properties, yet display-
ing atomically flat interfaces with the contiguous layers is, despite of its crucial
importance in spintronics and electronics, rarely reported. In this chapter we
present the growth of high quality CoCr2O4 films on (111)-SrTiO3 perovskite
substrates by pulsed laser deposition. The films are fully relaxed to the bulk
structure from the first unit cell at the interface with the substrate. They are
free of strain gradients across the film thickness and show anti-phase bound-
aries, well known features in spinels, as the only breakers of the translational
symmetry. The films have bulk-like properties, with the ferrimagnetic, conical
spin spiral and the lock-in transitions taking place at comparable temperatures
as those reported in the bulk samples. We show that spin spiral transition
and lock-in transition can be observed in our highly pure and crystalline films,
strongly indicating that the lock-in transition is an intrinsic characteristic of
this material. Magnetoelectric coupling is shown, for the first time, in thin films
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with a conical spin spiral.
7.2 Experimental
CoCr2O4 thin films were grown by pulsed laser deposition (PLD) on chemically
and thermally treated (111)-SrTiO3 substrates [154]. The nominal mismatch
between film and substrate in this orientation is as large as 6.7%. During de-
position, a laser fluence of 3 J/cm2, molecular oxygen pressure of 0.01 mbar,
substrate temperature of 700 ◦C and target-substrate distance of 50 mm were
used. The RHEED (reflective high energy electron diffraction) assisted PLD
system is equipped with a Lambda Physik COMPex Pro 205 KrF laser with
a wavelength of 248 nm. The laser was typically run with a frequency of 0.5
Hz, while for the thicker samples 1 Hz was used. A ceramic CoCr2O4 target,
sintered by solid state reaction, was used [114]. After deposition, the films were
cooled down with a rate of 5 ◦C per minute in 0.5 bar O2 atmosphere. Stoi-
chiometry was checked by X-ray photoemission spectroscopy (XPS). The thin
film structure was determined by X-ray diffraction (XRD) by using a X’pert
lab diffractometer. High Resolution Transmission Electron Microscopy imaging
(HRTEM) was carried out in an image corrected FEI Titan Cube at 300 kV
with a point resolution below 1 A˚. Scanning Transmission Electron Microscopy
(STEM) studies were performed in a probe corrected FEI Titan microscope
operated at 300 kV with a probe size of approximately 1 A˚. Atomic resolu-
tion Z contrast imaging was carried out by High Angle Annular Dark Field
(HAADF) STEM with a convergence angle of 25 mrad, and inner and outer
collection angles of 58 and 200 mrad, respectively. Magnetization was measured
by a QD MPMS 7 XL SQUID magnetometer. Capacitance measurements were
performed on a 180 nm-thick CoCr2O4 film grown on a 24 nm thick SrRuO3
bottom electrode [242]. 75 nm Ti/Au electrodes of 0.2 mm2 were patterned
by lithography on top of the sample. Capacitance was measured by an Agilent
E4980A capacitance bridge in a Quantum Design PPMS (Physical Properties
Measurements System) with a 7 Tesla magnet at several frequencies.
7.3 Results
The growth parameters described above are optimized to obtain a 2D growth
mode with flat surfaces, observed in-situ by the streaks on the RHEED patterns
(figure 7.1 inset). The streak pattern appears after a few monolayers and stays
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Figure 7.1: AFM topography of a 36 nm-thick CoCr2O4 thin film. The inset
shows the RHEED pattern during growth.
constant during growth up to the maximum grown thickness of 180 nm. Ac-
cordingly, atomic force microscopy (AFM) topography images of the CoCr2O4
films show flat surfaces with atomic steps (see figure 7.1) and in some regions,
triangular ”wedding cakes” with height of a few unit cells.
Room temperature thin film X-ray diffraction in figure 7.2a shows that the
CoCr2O4 thin films on (111)-SrTiO3 are single phase and (111)-oriented. From
the 2θ − ω scans an out-of-plane lattice parameter of 8.335 A˚ was determined,
which is consistent with the 8.333 A˚ bulk lattice constant [114], indicating that
the films are fully relaxed. Narrow rocking curves (with a FWHM= 0.030◦, see
inset of figure 7.2, in comparison with the typical FWHM= 0.02◦ of the substrate
rocking curve) together with the observation of a high number of Kiessig fringes
around the film peak (indicating a highly uniform electron density and sharp
interfaces), confirm the high epitaxial quality of the films. φ scans through the
(226)-CoCr2O4 and (113)-SrTiO3 reflections (see figure 7.2b) reveal that the
film lattice is rotated by 60◦ relative to the substrate. No impurity phases were
observed by XRD or by XPS. XPS shows the expected Co/Cr ratio and valence
states, see figure 4.2 on page 48.
The epitaxy of CoCr2O4 on (111)-SrTiO3 has been further investigated by
different TEM imaging techniques. Figure 7.3a shows a typical HAADF-STEM
image of a cross-sectional specimen of the CoCr2O4 film acquired along the
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Figure 7.2: (a) XRD 2θ − ω scan around the (222) reflection of a 36 nm thick
CoCr2O4 film. The narrow rocking curve is shown in inset. (b) XRD φ-scan of
(111)-CoCr2O4 film (black) on (111)-SrTiO3 substrate (red) through the (113)
and (226) reflections, respectively.
(0-11) zone axis of both substrate and film, and a detailed image of the interface
is plotted in figure 7.3b. From this image we can conclude that the substrate-
film interface is atomically sharp and that there is a good epitaxial relationship
between the substrate and the film, which is SrTiO3[111]‖CoCr2O4[111]. We
also observe that the in-plane crystal orientation of the film is mirrored relative
to the substrate, as indicated by the arrows in figure 7.3b, in agreement with the
observed rotation of diffraction spots of the film to the substrate in figure 7.2b.
Geometrical Phase Analysis (GPA) has been applied to HRTEM micrographs
(micrographs not shown here) to determine the relative deformation state of
the films with respect to the substrate [243]. The relative deformation maps
obtained from the HRTEM image are shown in figures 7.4a and b. There it
is observed that the films display a completely homogeneous deformation state
from the first layers, with a large difference of interplanar distances between the
film and the substrate: xx = +7.0±0.7% and zz = +6.6±0.7% for the in- and
out-of-plane deformation respectively. These values match perfectly with the
theoretical lattice mismatch ( xx = zz = +6.9%) for a fully relaxed CoCr2O4
film on SrTiO3.
High magnification HAADF-STEM also gives clearly evidence of the pres-
ence of anti-phase boundaries (APBs), see figure 7.5. APBs are common struc-
tural planar defects in spinel thin films that are grown on substrates with unit
cell size close to half the size of the film’s material [188] and they correspond
to planar defects in the cationic sublattice. As HAADF imaging provides clear
unambiguous Z contrast produced by the metal ions of the spinel structure, it
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Figure 7.3: HAADF STEM images of a 36 nm- thick CoCr2O4 film on (111)-
SrTiO3 substrate in cross section observed along the (0-11) zone axis. (a)
Overview of the film. (b) Detail of the interface with the substrate, where
the epitaxy relationships have been illustrated with arrows.
Figure 7.4: GPA analysis of a HRTEM image (not shown) of the CoCr2O4 film.
(a) In-plane deformation (xx) and (b) out-of-plane deformation (zz).
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Figure 7.5: (a) Intensity line profile across the APB extracted along the red
arrow in (b). (b) HAADF-STEM image at high magnification of a sharp APB
image within the [0-11] zone axis, where the approximate boundaries of the
APB are marked with green lines. The blue and yellow dots are the tetrahedral
and octahedral positions, respectively. (c) Qualitative TEM phase analysis of
HRTEM image with a [0-11] zone axis. The quantitative phase change along
the black arrow in (c) is shown in (d).
allows the direct visualization of APBs. The intensity profile along the arrow
in figure 7.5b is shown in figure 7.5a. The intense octahedral cations are indeed
shifted by half a unit cell at the APB in figure 7.5a. The APB shown in figure
7.5b has an in-plane shift of half unit cell along the [-211] direction and it has
a width of one or two unit cells, so it runs almost perfectly along the zone axis.
By moving the spinel unit cell with a quarter of a unit cell, the structure at
the APB can be reconstructed, as shown by the yellow (chromium) and blue
(cobalt) dots in figure 7.5b. Taking into account that the phase shift along the
[0-11] zone axis cannot be observed, it is most probable that the APBs have a
shift vector along 1/4〈110〉 and 1/4〈101〉 axes, as reported in (001)-Fe3O4 and
NiFe2O4 films [244–246]. The phase analysis of the (-211) reflection performed
by GPA on an overview image in figure 7.5c shows sharp phase discontinuities
at the APBs. A line profile along the black arrow in the figure 7.5c image
evidences that these are several phase shifts of pi rad, corresponding to half a
lattice periodicity. The observed distance between APBs is around 12 nm. This
is on the small side in comparison to literature, where anti-phase domain sizes
of about 30 nm to 50 nm are reported in (111)-Fe3O4 thin films of 30-50 nm
thickness on Al2O3 substrates [247, 248].
Magnetization of the (111)-CoCr2O4 films was measured by applying the
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Figure 7.6: Temperature-dependent magnetization of a 36 nm thick CoCr2O4
film on (111)-SrTiO3 in a 100 Oe magnetic field, applied perpendicular to the
film plane (no substrate background subtracted).
magnetic field perpendicular to the film plane (figure 7.6). CoCr2O4 has a 〈001〉
easy axis in bulk. In the used measurement geometry all three [001] axis point
out of the plane under a 55◦ angle. The films have a ferrimagnetic transition
temperature (Tc) of 96 K and a maximum magnetization of 0.1 µB per formula
unit (f.u.) in a 100 Oe field. The value of Tc is consistent with bulk values at
low fields (reported between 93 and 97 K in the literature [73, 90, 114]).
The maximum magnetization measured in our CoCr2O4 films at 100 Oe
(0.10 µB per formula unit) is very close to values reported in identical fields,
which were between 0.08 and 0.15 µB/f.u. for single crystal and polycrystalline
samples, respectively [73, 114]. It is worth mentioning here that no signs of
spin-spiral and lock-in transitions were observed by magnetometry.
The temperature dependent dielectric constant of a (111)-CoCr2O4 thin film
deposited on a (111)-SrRuO3 buffer layer in between the film and the (111)-
oriented substrate is displayed in figure 7.7a for a frequency of 2 MHz and shows
two slope changes around Ts = 26 K and Tl = 14 K (see also chapter 6). The
loss factor is below 0.6 in this temperature range. These temperatures are in
agreement with the reported values for the onset of the ferroelectric conical spin-
spiral phase (Ts = 26 K) and the lock-in transition (Tl = 15 K) observed in bulk
CoCr2O4 [73, 114]. The measurements were performed at different frequencies,
all showing similar behaviour (see chapter 6). In literature, dielectric constants
of 5.2 - 5.5 and 9.7 for polycrystalline [114, 168] and 13.9 for single crystals [73],
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are reported. The measured dielectric constant, which is close to reported values
in single crystals, confirms the high quality of the CoCr2O4 thin films.
Magnetocapacitance was studied with the magnetic field applied both per-
pendicular (out-of-plane) and parallel (in-plane) to the sample surface, while
the electric field was always out-of-plane. Figure 7.7b shows a typical magneto-
capacitance curve with magnetic field applied out-of-plane (values from positive
to negative in black, and from negative to positive in red). The magnetocapac-
itance curve has a butterfly loop shape with maximum values at the magnetic
coercive field values, strongly suggesting that the change in dielectric capaci-
tance is related to change in magnetic order. The relative change of capacitance
between the maximum and minimum values in the magnetic field range [-7T, 7T]
is 0.12 %, and the observed magnetocapacitance is not frequency dependent (see
figure 7.7d). Magnetocapacitance with the magnetic field applied in-plane (see
figure 7.7c) is one order of magnitude weaker and has the opposite sign.
The observed change of the sign of the magnetocapacitance with the direc-
tion of the magnetic field has also been observed by Yang et al [227] in polycrys-
talline samples. Since magnetoresistance is independent of the direction of the
magnetic field, magnetoresistance in combination with Maxwell-Wagner effect
can be ruled out as the origin of magnetocapacitance [249]. The magnetoca-
pacitance with H perpendicular to E has the same magnitude as that reported
in refs. [114, 227], while the magnetocapacitance with H parallel to E is dou-
ble than that observed by Yang et al. The similarity in the angle dependence
between our results and those by Yang et al. [227] is surprising since we are
applying H and E parallel or perpendicular to the (111) plane, while Yang et
al. studied polycrystalline samples.
7.4 Discussion
The flat growth of spinels with a (111) surface is on first sight surprising: they
are heavily charged and therefore a (111) surface should be energetically un-
favorable. Theoretical studies show that strong surface relaxation and recon-
struction of the (111) surface will lower the energy drastically [83–85]. However,
investigations of the (111) surface of various spinels show no signs of reconstruc-
tion [160, 250]. It is suggested that spinel surfaces can be stabilised by cation
inversion [86–88]. Although cation inversion in Cr spinels is highly unlikely [82],
this effect might be favoured exactly at the surface. Lu¨ders et al. have shown
that [001] CoCr2O4 films on MgO and MgAl2O4 facet in pyramids with (111)
surfaces, providing experimental proof that the (111) surfaces of CoCr2O4 are
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Figure 7.7: (a) Temperature-dependent dielectric constant (′) measured at
2MHz. (inset) Plot of the derivative of , showing clearly the onset of ferro-
electric conical spin-spiral phase (Ts) and lock-in transition (Tl). (b) Field
dependent relative magnetocapacitance as a function of magnetic field, applied
perpendicular to the film plane at 20 K. (c) Relative magnetocapacitance mea-
sured by applying the magnetic field from -7T to +7T perpendicular (dotted
points) or parallel (squared points) to the film plane at 20 K. (d) Relative
magneto-capacitance at different frequencies measured with the magnetic field
(-7T to 7T) applied perpendicular to the film plane at 20 K. All measurements
were performed on a 180 nm CoCr2O4 film with a SrRuO3 bottom electrode
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indeed lower in energy than the (001) surface [150], and therefore flat spinel
films with (111) surfaces can be grown relatively easy.
Spinels under epitaxial strain in the [001] direction have been often re-
ported [138, 140, 156, 178, 182]. However, the (111) spinel seems to be notori-
ously difficult to strain. The (111) planes are all isoatomic and, thus, straining
them epitaxially would result in identical charges moving out of equilibrium,
generating large electrostatic forces and a highly unfavourable configuration. In
fact, full relaxation in (111) spinel films is also reported for CoFe2O4 films on
(111)-MgAl2O4 [178]. Nevertheless, in this case the films can epitaxially conform
to the substrate, since they fully relax via the formation of dislocations [178].
In the present case of growth on SrTiO3, the differences in structure between
film and substrate prevent that the film adopts the substrate lattice. However,
interestingly, despite the relaxation and lack of epitaxy in the in-plane direction,
our films have excellent quality and there is certain lattice coherence between
the two. The fringes observed in the XRD peaks are rarely observed in spinel
thin films [251]. Nevertheless, the exact relationship between the film and the
substrate and the nature of the interfaces need further investigation.
We observe a large increase of the capacitance and loss factor with temper-
ature, showing that there is a Maxwell-Wagner effect, due to inhomogeneities
present in the samples (probably caused by the presence of anti-phase bound-
aries, although the presence of oxygen vacancies cannot be discarded). The mag-
netocapacitance measurements are not frequency dependent, suggesting that
they are not dominated by Maxwell-Wagner effects [249]. Even though spin-
spirals were expected to be unstable in thin film form, recently the presence
of a spin-spiral structure was shown in TbMnO3 thin films [252]. Magnetic
transitions in magnetoelectric materials that are more pronounced in dielectric
measurements than in magnetomerty were already shown by Adem [253]. The
temperature dependence of the dielectric constant of CoCr2O4 thin films shows
no peak-shape anomaly at the ferroelectric phase transition, as is expected for
a spin-spiral induced ferroelectric. However, no peak in the dielectric constant
was observed in bulk. The observed change in slope at the spin-spiral transition
is not a M2 term as expected for the predicted P2M2 biquadratic magnetoelec-
tric coupling, as reported in bulk CoCr2O4 [114]. The weak polarization in this
material can be the cause of the invisibility of the spike at the ferroelectric phase
transition. The shape of the temperature dependent dielectric constant might be
the result of the angle between the polarization, which is in the (110)-direction,
and the capacitance measured in the (111)-direction.
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7.5 Conclusion
High quality, (111)-oriented CoCr2O4 spinel films with sharp interfaces were
grown on largely mismatched (111)-SrTiO3 substrates. The films show no signs
of epitaxial strain, nor the signatures of defects mediating the strain relaxation,
displaying bulk in-plane and out-of-plane lattice constants from the first atomic
layer. Nevertheless, a particular epitaxial relationship with the substrate is
maintained. The films present bulk like magnetic and dielectric properties. Al-
though the spin-spiral and lock-in transitions were not observed by magnetom-
etry, they were clearly evidenced in capacitance measurements. In addition, the
very high crystal quality of the films allows us to conclude that the observed
lock-in transition is certainly an intrinsic effect, an issue that was still under
debate. The films have bulk like properties, with the ferrimagnetic, conical
spin-spiral and the lock-in transitions taking place at comparable temperatures
as those reported in the bulk samples, and therefore they are probably multi-




There are several experimental data that promise to be very interesting, but still
need further verification. In this chapter we include some of those, in particular
we discuss anti-phase boundaries (APBs) that were observed by TEM in two of
the samples grown on (001)-MgO under different conditions. Although the data
are very promising, more observations on more samples are needed to present
conclusive results. The second topic addressed in this chapter are the studies by
RSXD and XMCD, part of the extensive investigations done by Will Windsor in
the group of Urs Staub at Paul Scherrer Institute (Villigen). Some publications
will be out soon.
8.1 Anti-Phase Boundaries
8.1.1 Introduction
Anti-phase boundaries are defect planes between two domains with half a unit
cell shift. APBs are well known in spinel thin films grown on substrates with unit
cells that are half the size of the spinel unit cell, such as the rock-salts. Different
nucleation points at the first stages of growth can have half unit cell displace-
ments, that, after growing together, form atomically sharp domain boundary
planes with a half unit cell shift.
As discussed in chapter 4, off specular x-ray diffraction shows that strained
films grown on MgAl2O4 exhibit high crystallinity both in the in-plane and
out-of-plane directions, while on MgO a broadening of the peak in the in-plane
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direction is visible, showing a lack of crystal perfection, that we address to APB
formation.
APBs in spinel can be imaged by TEM in the dark field imaging mode. In
dark field imaging the diffracted beam goes through the optical path while the
direct beam is blocked. In this way an image of the spatial distribution of the
presence of a diffraction spot is obtained. Since at the APB the symmetry is
broken as the result of a crystal defect, the diffraction patterns at the boundary
and in the domain are not identical, making the defect visible. The visibility of
an APB depends on the shift vector of the defect (~R) and the diffraction vector
(~g). Contrast between the domain and the APB will be visible when:
2pi ~R ·~g = (2n+ 1)pi (8.1)
With n an integer. By using different diffraction vectors, different shift vectors
at the APBs can be distinguished. For a table of visibility criteria of APBs, see
the work of Celotto et al. [246].
8.1.2 Results
001-CoCr2O4 films grown on MgO at 400
◦C and 600 ◦C were investigated with
TEM, both in cross-section and planar view by Roger Guzma´n and Ce´sar Mage´n
at the Institute of Nanotechnology of Aragon (INA, Zaragoza).
A plane-view TEM image of a 001-CoCr2O4 film grown on a MgO substrate
at 400 ◦C is shown in figure 8.1a. A crystal defect, clearly visible as indicated by
the orange arrows, runs through an otherwise perfect spinel structure. From the
planar view image, qualitative TEM (220)-phase analysis in the exact same area
is performed (figure 8.1b). It can be seen that at the observed defects, the phase
changes by a factor pi, as expected for APBs. The observed APB density appears
relatively low, with domains widths above 25 nm, and the observed APBs have
a preference for those {310} and {100} planes that run perpendicular to the
surface, as already reported for Fe3O4 spinel by Celotto et al [246].
APBs with different types of shifts can be recognized in thin films. Theo-
retically there exists seven types of shift vectors: one 12 〈100〉 and six different
1
4 〈110〉 of which two, 14 [110] and 14 [1-10], are parallel to the film surface and






4 [0-11], have an out-of-plane com-
ponent with 45◦ angle to the surface. According to the visibility criteria (see
formula 8.1) for the planar view with the (220) phase analysis, only APBs with
1
4 〈101〉 shift, with an out-of-plane component in the shift vector are visible, and
thus, we address the APB observed in figure 8.1b as one of those.
8.1 Anti-Phase Boundaries 133
Figure 8.1: (a) Planar view HRTEM with [001] zone axis and qualitative TEM
(220)-phase analysis of identical area (b) and a cross-sectional qualitative TEM
(111)-phase analysis with a (1-10) zone axis (c). Image (c) is 50 nm wide. All
images are of a (001)-CoCr2O4 thin film grown on MgO at 400
◦C.
From the cross-section qualitative TEM (111)-phase analysis with a (1-10)
zone axis (see figure 8.1c), the density of APB in cross view is higher than that
observed in the planar view geometry, with an average domain size of 11 nm.
Since only half of the APB are visible (according to formula 8.1, only those with






2 [100] can be observed), the actual
size is even smaller. As said before, in the out-of-plane geometry only the out-of-
plane APBs are visible. The high number of APBs observed in the cross-section
HRTEM in figure 8.1 should therefore be assigned to in-plane phase shifts (the
1
4 〈110〉 and 12 〈100〉 phase shifts). From this analysis it seems that, far less than
half of the APBs have a lattice shift with out-of-plane component. However,
the analysed areas are small, and before we draw conclusions, more statistics
are necessary. For comparison: Celotto et al. reports that 56 % of the APBs in
Fe3O4 thin films (also grown on MgO substrates) have such shifts.
A detailed cross-section structure image of this film (grown at 400 ◦C) is
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Figure 8.2: Qualitative cross-section TEM picture of a (001)-oriented CoCr2O4
film grown on MgO at 400 ◦C, imaged with a [1-10] zone axis, and corresponding
phase analysis images.
shown in figure 8.2a, with a phase analysis of different phase vectors (see figure
8.2b). No phase change observed in the (220) and (002) phase image. Since the
1
4 〈101〉 shifts, with an out-of-plane component, should give a phase change of pi
according to formula 8.1 in the (220) and (002) phase analysis, they are ruled






2 [100] shift vectors, while in the (-1-11)-phase image a phase shift can










2 [100] are the only options, and those cannot be distinguished by the
performed phase analysis or structure. Indeed, the brighter octahedral cation




2 [100] shifts. Since APBs with
1
2 [100] shift vector are energetically
unfavorable (see discussion below) and hardly observed [246, 254], it is most
likely that this APB has a 14 [110] shift vector. The rhombohedral structure at
the APB is not the expected structure of an APB (in figure 8.4e-g, we show
the structural patterns expected in the [110] zone axis for a perfect normal
spinel lattice and the structure of overlapping spinel lattices at the APB with
different shift vectors), also left and right of the APB the structure is not that
of a perfect spinel structure. The structure on the left has clearly sheets of
intense cations under an angle closely to 54.7◦, as expected for an APB with
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Figure 8.3: (a) Planar view HRTEM with [001] zone axis and qualitative TEM
(220)-phase analysis of identical area (b) and a cross-sectional qualitative TEM
(111)-phase analysis with a (1-10) zone axis (c). Image (c) is 50 nm wide. All
images are of a (001)-CoCr2O4 thin film grown on MgO at 600
◦C.
out-of-plane component in the shift vector projected along the [1-10] axis (see
for the matching structure figure 8.4f).
All observed APBs in this sample seem to have boundary planes perpen-
dicular to the surface (see fig 8.1c), thus minimizing the surface and, thus, the
total energy. This is also consistent with the work of Celotto et al. [246]. They
concluded that APBs with both in-plane and out-of-plane shifts ( 14 〈101〉 direc-
tion), are perpendicular to the surface. The in-plane APB are perpendicular
to the shift vector, the APBs with out-of-plane shift component tend to form
APBs with fully in-plane boundary planes {100} and {310} that are under 45◦
and 42◦ angle with the shift vector, respectively, instead of the perpendicular
{101} boundary planes, increasing the energy per surface, but decreasing the
surface area, and therefore the total energy [246, 254]. Our results on the 400
◦C deposited sample totally agree with this analysis.
Plane-view TEM and phase images of a sample grown at higher temperature
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Figure 8.4: HRTEM image of a (001)-oriented CoCr2O4 film grown on MgO at
600◦C. with a [1-10] zone axis (a), and in (b), (c) and (d) the structures observed
in three different areas, together with simulations of the normal spinel structure
(e), APB structures with 14 [-101] shift (f) and the structure for a
1
4 [110] shift
or 12 [100] shift (g). Green, blue and red atoms are chrome, cobalt and oxygen,
respectively, assuming normal spinel structure. Larger chrome atoms represents
the brighter octahedral positions in the TEM image.
(600 ◦C) is shown in figure 8.3a and b, respectively. It is observed that the
density of APB with 14 〈101〉 shift vectors (out-of-plane shift component) is much
higher than in the sample grown at lower temperature. In addition those APBs
with an 14 〈101〉 (out-of-plane) shift vector seen from the top, run along the〈110〉 directions, which is unexpectedly and in contrast to the low temperature
sample. The patterns we observe in the cross-section HRTEM of this sample,
have out-of-plane shift components. See for instance figure 8.5, where a lot of
the structures shows bright cation sheets with an out-of-plane component. This
bright spots are from fully occupied chromium columns and can only form if
the shift vector has an out-of-plane component, see the pattern in figure 8.4f.
Therefore, it is concluded that the high temperature samples have mainly 14 〈101〉
shift vectors.
From the cross-sectional TEM in figure 8.3c, it is observed that the APBs
are not perpendicular to the surface, but are curved, again in contradiction to
the sample deposited at 400 ◦C. The curvature is probably due to the mobility
of the APBs. Eerenstein et al., showed that APBs are mobile and they can
be annealed out by diffusion, resulting in larger domains for growth at higher
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temperature and longer annealing times [255]. Nevertheless, they claim that
APBs after diffusion, stay perpendicular to the boundary plane. But in their
work on the Fe3O4 spinel, films are deposited between 250 and 350
◦C, much
lower than we used to grow this CoCr2O4 film.
A detailed TEM image of this sample is shown in figure 8.4a. The patterns
of three different areas, each with a different pattern, are shown in figure 8.4b-
d. Simulated structures (Mathematica) of normal spinel structure (e), an APB
with 14 [-101] shift (f) and APB for a
1
4 [110] shift or
1
2 [100] shift (g) for a TEM
image with a [1-10] zone axis are shown. The observed pattern in area b matches
with the spinel structure, in c with out-of-plane 14 〈101〉 and in d with the in-
plane 14 〈110〉 or 12 〈100〉. The boundary between the area with contrast c and d
has an angle close to 54.7◦, and therefore might run along the 〈101〉 direction in
the spinel structure. In addition to the APB that run along the 〈110〉 directions
observed from the top.
In our films, close to the MgO-CoCr2O4 interface (see 8.5c), the observed
pattern is a superposition of different domains laying on different sides of the
APBs, while close to the surface (see 8.5b) the expected normal spinel lattice
is observed, suggesting that the density of APBs is higher at the interface than
at the surface.
From the higher density of APBs at the interface, we conclude that the
APBs at the sample surface are more mobile than at the interface, resulting
in the curving of the APBs. An APB can keep a low energy in two ways:
minimization of the APB surface (i.e. a wall perpendicular to the APB), and
minimum energy structure at the APB. APBs with a shift vector perpendicular
to the boundary plane keep the crystal stoichiometry, and therefore are low
in energy. Van der Biest and Thomas analysed a lot of APBs and compared
their energies by looking to the cation repulsions at those boundaries [254].
Among APBs with a shift vector perpendicular to the boundary, the APBs
with a shift vector of 12 〈100〉 with a {100} boundary plane have a structure at
the boundary with edge sharing octahedra and tetrahedra, while a 14 〈110〉 shift
vector in a {110} boundary plane will result in only corner sharing, resulting to
less repulsion and lower energy. Among those APBs (with 14 〈110〉 shift vectors)
the in-plane {110} APBs are perpendicular to the sample surface while the out-
of-plane {101} APBs are inclined under a 45◦ angle, resulting in a lower surface
for the {110} APBs which are therefore the lowest in energy [246, 254]. Also in
other reports the 14 〈110〉APB are shown to be abundant [244, 245, 254, 256, 257].
APBs that are not perpendicular to the surface were also reported by Fitzger-
ald and May by TEM in CVD grown CoFe2O4 and LiFe2O4. They observe {101}
APBs with a 45◦ angle to the film surface. Those samples were grown at high
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Figure 8.5: Cross-section HRTEM image of a (001)-CoCr2O4 film grown on
MgO at 600 ◦C with a [110] zone axis.
growth temperature of 1600◦C and have straight APBs with 14 〈101〉 shift vec-
tors. It is reported that both in-plane shifts as well as APBs with shifts with
an out-of-plane component are observed.
It seems thus that temperature is very important to the orientation of the
APBs. High growth temperature results in presence of APBs at 45◦ to the
surface, while films grown at relatively low temperatures (250 to 350◦C) have
perpendicular APBs. Our samples grown at 400 ◦C have also perpendicular
APBs, while samples grown at 600 ◦C, have curved APBs. These curved APBs
might be a state between the perpendicular and the 45◦ angle inclined APBs.
It needs to be noted that the films of Eerenstein and the films presented in this
work are several tens of nanometers thick, while Fitzgerald grew films of 1-5
µm.
Another very interesting observation in the TEM study is a distortion of
the structure observed at the APBs of CoCr2O4 films on MgO. In figure 8.6
the structure of the thin film (see figure 8.6a) is compared to the structure of
8.1 Anti-Phase Boundaries 139
Figure 8.6: ABF image with reversed contrast of a CoCr2O4 film on MgO (a)
and a simulated spinel structure (b), with their intensity profiles through the
octahedral (red) and tetrahedral (blue) positions in c and d, respectively.
a simulated CoCr2O4 normal spinel structure (see figure 8.6b). The intensity
profiles through the octahedral and tetrahedral positions of the TEM images,
indicated respectively by the red and blue lines in figures 8.6a and b, are shown
in figures 8.6c and d for the film and simulated structure, respectively. In
figure 8.6d it can be observed that in the simulated structure the tetrahedral
sites should be exactly in the middle between the octahedral ions, while in the
actual film all tetrahedral coordinated ions are shifted to the left. This would
lead to the surprising result of a polar structure, which has never been observed
before. More work needs to be done to check for the presence of artifacts during
TEM preparation, imaging or others.
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8.2 XRMS
In collaboration with Will Windsor and Urs Staub at Paul Scherrer Institute
(Villigen) we performed X-ray magnetic circular dichroism (XMCD) and Res-
onant Soft X-ray Diffraction (RSXD) scattering experiments. RSXD was mea-
sured at the Co L3 edge (778eV) with pi linearly polarized incoming light with
the electric field vector in the scattering plane. Experiments were performed on
a 70 nm-thick sample grown on a (110)-MgO substrate, which has a ~q vector
out of the plane, and therefore the magnetic super structure reflections are not
blocked by the substrate. From the experiments we observe a magnetic super-
structure with a ~q vector of (0.64,0.64,0) (see figure 8.7a). The peak disappears
around 30 K (see figure 8.7b), which is closed to the spin-spiral transition tem-
perature of bulk CoCr2O4. From this result we can conclude that, although no
transition could be observed in the SQUID measurements, the film does show
a magnetic superstructure, with the same periodicity as reported in bulk. We
tried to get a detailed analysis of the spin-spiral transition of CoCr2O4 with
neutron diffraction, but the volume of the film (5 mm × 5 mm × 90 nm for a
film on (001)-MgO and 5 mm × 5 mm × 300 nm for a film on (111)-SrTiO3)
was unfortunately too low to observe the magnetic superlattice.
The correlation length extracted from the peak width of the map in figure
8.7 is as large as the film thickness (that is, 37 nm). This does not agree with
the correlation lengths of 3.1-3.8 nm reported by Yamasaki et al. [93, 110].
However, large correlation lengths were already reported by Choi et al. and
Chang et al. [111, 112]. During the XMCD experiments, the absorption at both
the Cr and Co edges was measured after cooling in a magnetic field of 0.4 T. The
asymmetry between the two signals can be described by the asymmetry factor;
(C+ −C−)/(C+ +C−), where C+ and C− are the absorption of left and right
circular polarised light. In figure 8.7c the asymmetry of the Cr and Co signals
are plotted as a function of temperature for a 70 nm CoCr2O4 thin film on
(110)-MgO. As XMCD signal is related to the magnetic moment of each cation,
the data plotted in figure 8.7c clearly show that the net magnetization of Co
and Cr ions are oriented antiparallel (the asymmetry signals have opposite sign).
We observe a paramagnetic-to-ferrimagnetic transition temperature Tc of 88 K,
slightly lower that the ordering temperature reported in bulk. However, the
spin-spiral and lock-in transition are not visible in these measurements, while
it should be observed in the Cr magnetization signal according to theoretical
calculations [258]. More experiments, are being performed by our collaborators.
The interested reader will soon find more results in some coming papers led by
Y. W. Windsor and Prof. U. Staub (PSI).
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Figure 8.7: RSXD reciprocal space map of the (qq0) reflection at around 20 K
(a) and temperature dependence of the observed peak intensity (b) measured
at the Co L3 edge (778 eV) with pi linearly polarized incoming light with the
electric field vector in the scattering plane. XMCD asymmetry (see text) of
Co and of Cr as function of temperature in reflectivity geometry, upon heating,
after cooling in a magnetic field of 0.4 T (c).
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Appendix A
Additional impedance spectroscopy data of
CoCr2O4 thin films on (111)-SrTiO3
Figures A.1 and A.2 show additional data to figures 6.21 and 6.23. The exact
same device is used (a 45 nm (111)-oriented CoCr2O4 film on 25 nm SrRuO3
buffered 111-SrTiO3.), now with a broader temperature range. Static and high
frequency dielectric permittivity in A.2 are extracted by fitting two semicircles
to the M plane. The determined relaxation time is shown in figure A.3.
Figure A.1: Complex plane plot of 45 nm CoCr2O4 on 25 nm buffered 111-
SrTiO3 between 14 and 114 K.
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Additional impedance spectroscopy data of CoCr2O4 thin films on
(111)-SrTiO3
Figure A.2: Temperature dependence of (a) static dielectric permittivity and
(b) high frequency dielectric permittivity of a 45 nm (111)-oriented CoCr2O4
film on 25 nm SrRuO3 buffered 111-SrTiO3.
Figure A.3: Temperature dependence of the relaxation time of a 45 nm (111)-
oriented CoCr2O4 film on 25 nm SrRuO3 buffered 111-SrTiO3, measured under
a field of 0.2 V at 100 kHz.
Appendix B
Additional impedance spectroscopy data of
CoCr2O4 thin films on (001)-SrTiO3
Figures B.1 and B.2 show additional data to figure 6.25. Data of those tree mea-
surement is on identical sample (a 37 nm thick film of (001)-oriented CoCr2O4
on 120 nm SrRuO3-buffered 001-SrTiO3), with different electrodes. The fits in
figure B.3 are used to extract the relaxation times reported in figure 6.18.
Figure B.1: Temperature dependence of the real dielectric permittivity of a
37 nm thick film of (001)-oriented CoCr2O4 on 120 nm SrRuO3-buffered 001-
SrTiO3, measured under a field of 0.2 V at 100 kHz.
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Additional impedance spectroscopy data of CoCr2O4 thin films on
(001)-SrTiO3
Figure B.2: Temperature dependence of the real dielectric permittivity of a
37 nm thick film of (001)-oriented CoCr2O4 on 120 nm SrRuO3-buffered 001-
SrTiO3, measured under a field of 0.2 V at 100 kHz.
Figure B.3: Fits to the lower frequency relaxation process in the M plane of a
37 nm thick film of (001)-oriented CoCr2O4 on 120 nm SrRuO3-buffered 001-
SrTiO3.
Summary
In the last decades there has been a tremendous growth in data storage capacity
that is expected only to increase in the future. Therefore there is a never ending
desire for smaller, faster and cheaper memories. A common technology for this
information storage is the use of hard discs, which store data in a high number
of small magnetic domains. Those magnetic domains have two states, up and
down, equal to a bit. Writing these domains is performed by applying magnetic
fields, and after the writing procedure the orientation of the bits is stable in
time, making them very suitable as memory devices.
The disadvantage of magnetic memories is the need of a magnetoelectric coil
during the writing procedure. With such a coil it is difficult to make a magnetic
field that is strong enough to switch the magnetic bit, but confined enough to
prevent neighboring magnetic bits from switching. In addition, the electromag-
net uses high currents, resulting in heating of the memory device. Both issues
complicate the scale down of the bit size, and therefore the development of lower
cost and more energy efficient memory devices. An alternative technique that
is able to switch magnetic domains is therefore highly in demand.
A possible solution is the use of the so-called magnetoelectric coupling ob-
served in some materials, that couples the ionic structure (electrical dipoles)
to the magnetism, opening the possibility to switch the magnetization by an
electric field. This magnetoelectric coupling is expected to be strong for some
materials in the group of so-called multiferroic materials. Multiferroic mate-
rials described in this thesis are materials that possess both ferroelectric and
ferromagnetic order. As for ferromagnetic materials under magnetic fields, fer-
roelectrics can be switched between two polarization states, but now with elec-
trical fields. In addition, the use of multiferroics with magnetoelectric coupling
opens the way for electric switching of the magnetic domains, resulting in energy
efficient and small memory devices. To get the desired coupling between the
magnetic order and the ionic structure, exotic mechanisms are necessary. One
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interesting option is the so-called inversed Dzyaloshinskii-Moriya (DM) effect,
which couples charge split-up to tilting of magnetic spins. This DM interaction
is present in CoCr2O4, that has, due to its unusual conical spin spiral order-
ing, a ferroelectric and ferromagnetic ordering with the desired magnetoelectric
coupling between them.
The synthesis of multiferroic thin films with bulk-like properties but, yet
displaying atomically flat interfaces with the contiguous layers is, despite of its
crucial importance in spintronics and electronics, rarely reported. In chapter 4 of
this thesis we discussed the growth of CoCr2O4 thin films on different substrates,
namely (001)-SrTiO3, (001)-MgAl2O4 and (001)-MgO. The growth of thin films
with a (001)-surface results in flat surfaces at low growth temperatures, while at
higher growth temperatures pyramids with (111)-surfaces form, as a result of the
large surface energy anisotropy. Since the reactivity at low growth temperature
is quite low, oxygen plasma has been used (instead of molecular oxygen) in
order to improve the crystalline quality of the thin films. The thin films have, in
strained form, a reduced ferromagnetic transition temperature. The multiferroic
phase is not observed by SQUID magnetometry.
In chapter 5 the strain dependent anisotropy observed in the CoCr2O4 films
has been discussed. We show that the results are consistent with theoretical
predictions. We generalize our findings to explain the experimental differences
between CoCr2O4 and the better known magnetic spinel CoFe2O4. It is shown
that the anisotropy is mainly dependent on Co2+: Co2+ with tetrahedral oxygen
surrounding under compressive strain, forces magnetization perpendicular to the
film plane, opposite to the shape anisotropy, while tensile strain leads to in-plane
magnetization. For octahedral arrangement of Co2+ the opposite holds.
In chapter 6 we investigate the dipole relaxation mechanisms in CoCr2O4
thin films on (001)- and (111)-SrTiO3 substrates by impedance spectroscopy.
The frequency dependent response of thin films is modeled by equivalent circuits.
The results show that high quality CoCr2O4 thin films on (111)-SrTiO3 have
a perfect so-called Debye relaxation, which means that the ionic species in the
material polarize under an electric field is the way that was proposed by Debye
for a set of non-interacting dipoles, without defects or secondary effects. A
situation that is rarely found if real materials. Unfortunately we were not able
to determine the origin of the relaxation process. On the contrary, films on
(001)-SrTiO3 show two relaxation mechanisms and clear signs of disorder equal
in surface size. In addition, this dielectric analysis also allows us to investigate
the phase transitions in the material. The relaxed films on both (111) and (001)
SrTiO3 show the magnetic and ferroelectric (spin-spiral) phase transitions at
temperatures equal to those reported in bulk. Compressive strain lowers the
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spin spiral transition temperature, while tensile strain might increase it.
Chapter 7 describes the growth and properties of (111)-oriented CoCr2O4
thin films on (111)-SrTiO3 perovskite substrates. Since (111)-surfaces are lowest
in energy, high quality thin films can be obtained by high temperature growth.
The increase of the temperature increases the reactivity and therefore no plasma
atmosphere is necessary. The films grow epitaxial with a 60◦ in-plane rotation
between film and substrate. The films are fully relaxed to the bulk structure
from the first unit cell at the interface with the substrate. They are free of
strain gradients across the film thickness and show anti-phase boundaries, well
known features in spinels, as the only breakers of the translational symmetry.
The films have bulk like properties, with the ferrimagnetic, conical spin spiral
and the lock-in transitions taking place at comparable temperatures as those
reported in the bulk samples. The butterfly loops observed in magnetic field
dependent capacitance, show a biquadratic magnetoelectric coupling.
The results described in this thesis show the presence of electrical phase
transitions in CoCr2O4. By X-ray resonant magnetic scattering (XRMS) it is
shown (see chapter 8) that the material has indeed a magnetic superstructure
at low temperature, which indicates a magnetic induced change of the electric
structure.
We hope this thesis will serve as a solid background for the study of CoCr2O4
thin films. We expect that interest on this very interesting material will increase
in the coming years. In the future, second harmonic generation could prove
the existence of ferroelectricity in relaxed and epitaxial strained CoCr2O4 thin
films. As the domains are expected to be large, it will be interesting to study
the clamping of the ferroelectric and ferromagnetic domain walls, which could
give useful insights on magnetic and electric structure in such a multiferroic
material and its domain walls.
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Samenvatting
Er wordt verwacht dat de huidige explosieve groei van dataopslag de komende
decennia aanhoudt, waarbij steeds snellere, kleinere en goedkopere data op-
slag gewenst is. Een veelvoorkomende techniek voor informatieopslag op harde
schijven maakt gebruik van een groot aantal magnetische domeinen. Deze mag-
netische domeinen hebben twee toestanden, waarbij het magnetisch veld in zo’n
domein, gelijk aan een bit, ofwel omhoog, ofwel omlaag staat. De domeinen kun-
nen naar een van de twee magnetische toestanden geschreven worden door een
magnetisch veld aan te leggen. Na het schrijven van het domein is de orie¨ntatie
van het magnetisch veld stabiel, wat het geschikt maakt om informatie in op te
slaan.
Het schrijfproces, wat gebeurt met behulp van een elektromagnetische spoel,
is de beperkende stap bij het verkleinen van de magnetische bits, wat nodig is
om goedkopere dataopslag te verkrijgen. Het is moeilijk om een magneetveld
te krijgen dat sterk genoeg is om de bit te schrijven, maar zo smal is dat het
de naastgelegen bits niet schrijft. Bovendien hebben zulke elektromagneten veel
energie nodig om het gewenste magneetveld op te wekken, wat bij kleinere bits
sneller tot oververhitting leidt. Een oplossing die het gebruik van magnetische
velden voor het schakelen van magnetische bits overbodig maakt, is zeer gewenst.
Een mogelijke oplossing is om gebruik te maken van magnetoelektrische wis-
selwerking, de interactie tussen ionische (electrische dipolen) en magnetische
structuur, waardoor het mogelijk wordt om de magnetisatie te schrijven (polen)
met behulp van een elektrisch veld. Het is belangrijk dat deze magnetoelektri-
sche koppeling sterk genoeg is, dit is het geval in bij een aantal multiferroische
materialen. Multiferroische materialen, zoals beschreven in deze thesis, zijn
materialen die zowel een ferroelektrische als een magnetische spontane ordering
hebben. Ferroelektrische materialen hebben, net als ferromagnetische materi-
alen, twee toestanden waartussen geschakeld kan worden, echter nu met een
elektrisch veld in plaats van een magnetisch veld. Doordat in multiferroische
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materialen de magnetoelektrische wisselwerking sterk kan zijn, wordt het moge-
lijk gemaakt om de magnetische domeinen te schakelen met een elektrisch veld,
wat kleine, energie-efficie¨nte geheugens mogelijk maakt.
Zulke materialen zijn zeldzaam: ferroelektriciteit en ferromagnetisme zijn
moeilijk te combineren in e´e´n materiaal. Bovendien is de wisselwerking tus-
sen ferroelektriciteit en magnetisme vaak absent, omdat ferroelektriciteit, wat
het gevolg is van ladingsopsplitsing, en magnetisme, dat ontstaat door orde-
ring van magnetische spins, een verschillende oorzaak hebben. Om de gewenste
wisselwerking te krijgen, is er een mechanisme nodig dat de ionische en mag-
netische structuur koppelt. Deze koppeling kan verkregen worden door middel
van het de zogenaamde omgekeerde Dzyaloshinskii-Moriya (DM) effect, dat de
verplaatsing van ionen koppelt met een draaiing van de spins. Deze interactie is
aanwezig in CoCr2O4 dat door zijn bijzondere magnetische conische spin spiraal
structuur beschikt over zowel een ferrimagnetisch moment, ferroelektriciteit als
de gewenste magnetoelektrische koppeling.
De groei van multiferroische dunne lagen is zelden beschreven, ondanks hun
belang voor geheugentoepassingen. De groei van dunne lagen CoCr2O4 op ver-
schillende substraten, (001)-SrTiO3, (001)-MgAl2O4 and (001)-MgO, word be-
schreven in hoofdstuk 4. De groei van dunne lagen met een (001)-oppervlak
resulteert in een vlakke groei bij lage temperaturen, terwijl bij hogere tempera-
turen piramides met (111)-oppervlakken ontstaan. Het ontstaan van deze pira-
midevormige facetten is het gevolg van de hoge anisotropie in de oppervlakte-
energie. Bij lage temperatuur is de reactiviteit te laag voor het vormen van
hoge kwaliteit dunne lagen. Door tijdens de groei in plaats van atomair zuuur-
stof gebruik te maken van een zuurstofplasma kunnen alsnog hoge kwaliteit
dunne lagen verkregen worden. De dunne lagen hebben in vervormde toestand
(door compressieve of uitrekkende spanning) een verlaagde ferrimagnetische
overgangstemperatuur ten opzichte van bulk. De verwachtte multiferroische
fase is niet waargenomen met SQUID magnetometrie in deze dunne lagen.
In hoofdstuk 5 wordt de magnetische anisotropie in CoCr2O4 dunne lagen
besproken. De verwachte magnetische anisotropie onder vervorming van de
eenheidscel komt overeen met theoretische voorspellingen. Daarnaast wordt het
verschil in anisotropie tussen CoCr2O4 en de veel bestudeerde spinel CoFe2O4
beschreven en een algemene theorie opgesteld om het verschil te verklaren. De
anisotropie wordt toegeschreven aan Co2+: in het algemeen kan er vanuit wor-
den gegaan dat Co2+ in een tetrahedrale zuurstofomringing onder samendruk-
kende spanning leidt tot magnetisatie loodrecht op de dunne laag, terwijl het
onder oprekkende spanning leidt tot anisotropie in het vlak van de dunne laag.
Voor octahedrale zuurstofomringing geld het omgekeerde.
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In hoofdstuk 6 worden de dipoolrelaxatiemechanismes in CoCr2O4 dunne
lagen op (001)- en (111)-SrTiO3 bestudeerd door middel van impedantie spec-
troscopie. De frequentieafhankelijke respons van de dunne lagen zijn gemodel-
leerd met behulp van equivalente stroomkringen. De resultaten laten zien dat de
CoCr2O4 dunne lagen op (111)-SrTiO3 van hoge kwaliteit zijn, met een perfecte
zogenaamde Debye relaxatie. Helaas hebben we de oorsprong van de relaxatie
niet kunnen isoleren. Ook de faseovergangen zijn bestudeerd door middel van
dielectrische metingen: de niet-gespannen dunne lagen vertonen magnetische
en ferroelektrische faseovergangen bij temperaturen gelijk aan die van CoCr2O4
eenkristallen. Samendrukkende spanning verlaagt de overgangstemperatuur,
terwijl oprekkende spanning de spin-spiraal overgangstemperatuur lijkt te ver-
hogen.
Hoofdstuk 7 beschrijft de groei en eigenschappen van (111)-CoCr2O4 dunne
lagen op (111)-SrTiO3 perovskiet substraten. Aangezien (111)-vlakken de laag-
ste oppervlakte-energie hebben, is voor (111)-dunne lagen geen probleem om
op een hoge temperatuur te groeien. De toename van de temperatuur resul-
teert in toename van de diffusielengte en daarmee vlakkere dunne lagen. De
dunne lagen groeien epitaxiaal, met een 60◦ rotatie rondom de azimut ten op-
zichte van het substraat. De dunne lagen zijn niet-gespannen vanaf de eerste
atoomlaag; gradie¨nten in vervorming zijn niet waargenomen. De dunne lagen
bevatten wel anti-fase grenzen, een veel voorkomende fout in het kristalrooster
van spinel structuren. De dunne lagen hebben eigenschappen die gelijk zijn aan
CoCr2O4 eenkristallen, met een ferrimagnetische, konische spin spiraalstructuur
en een faseovergang waar de spin spiraal golfvector gelijk wordt aan het kristal-
rooster. De dunne lagen hebben een magnetoelektrische wisselwerking en zijn
waarschijnlijk multiferroisch.
De resultaten beschreven in dit proefschrift geven het bewijs dat er elek-
trische faseovergangen in CoCr2O4 zijn. Daarnaast is met behulp van ro¨ntgen
resonantie magnetische verstrooiing (XRMS) is waargenomen (chapter 8) dat
deze dunne lagen een magnetische superstructuur hebben, wat een aanwijzing
geeft voor een magnetisch ge¨ınduceerde verandering in de elektrische structuur.
Wij hopen dat dit proefschrift veel informatie bevat dat een belangrijke basis
vormt voor de studie van CoCr2O4 dunne lagen. Wij verwachten dat het on-
derzoek naar dit interessante materiaal alleen maar toe gaat nemen de komende
jaren. Vervolgonderzoek met behulp van tweede harmonische generatie moet
uitwijzen of ferroelektriciteit aanwezig is in zowel niet-gespannen als vervormde
(door compressieve of uitrekkende spanning) dunne lagen van CoCr2O4. Er
wordt verwacht dat de domeinen groot zijn, wat de kans biedt om te onderzoe-
ken of de magnetoelektrische koppeling in CoCr2O4, zoals verwacht het gevolg is
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van koppeling tussen ferroelektrische en ferromagnetische domeinmuren. Dit zal
inzicht verschaffen in de magnetische en elektrische structuur van de domeinen
en domeinmuren.
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